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ABSTRACT  

 

The reprocessing of nuclear spent fuel generates highly radioactive liquid wastes 

(HLW) that must be isolated from biosphere in very durable solid matrices. In the 

first part of this chapter, generalities are presented on the radionuclides occurring 

in HLW and on the main characteristics and preparation methods of waste forms 

(glasses, ceramics, glass-ceramics) for the immobilization of separated or non-

separated wastes. In the second part of this chapter, the characteristics of two 

categories of long-lived radionuclides (135Cs and minor actinides Np, Am, Cm) 

and the main matrices proposed for their specific immobilization are reviewed. 

Results are presented on ceramic and glass-ceramic matrices developed for the 

conditioning of Cs (hollandite) and minor actinides (zirconolite, zirconolite-based 

glass-ceramic) and studied in our laboratories. For cesium, BaxCsyTi(8-z)MzO16 

hollandite ceramics (M: Al3+, Cr3+, Fe3+, Ga3+) prepared by oxide route are 

characterized by different methods. The effect of M on the single phase character 

of hollandite and on its capacity to incorporate Cs is studied. External electron 

irradiation experiments performed on a simple hollandite composition 

(Ba1.16Ti5.68Al2.32O16) to simulate the effect of β-irradiation due to radioactive Cs 

decay are presented. Structural changes and defects formation are studied by 

different spectroscopic techniques such as Electron Paramagnetic Resonance 

(EPR). The stability with temperature of titanium (Ti3+) and oxygen (O2
-) 

paramagnetic defects is studied. For selective immobilization of minor actinides, 

results concerning both zirconolite ceramic (nominally CaZrTi2O7) and a 

zirconolite-based glass-ceramic are presented. Rare earths (mainly neodymium) 
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and Th are used as minor actinide surrogates. Structural and microstructural 

results concerning the incorporation of Nd3+ ions in Ca1-xNdxZrTi2-xAl xO7 (x ≤ 

0.6) zirconolite ceramics prepared by oxide route are presented. The local 

environment of Nd3+ ions in zirconolite ceramic samples is studied by EPR and 

optical absorption spectroscopy. A zirconolite-based glass-ceramic consisting of 

small zirconolite crystals homogeneously dispersed in its bulk and prepared by 

controlled crystallization of a parent glass belonging to the SiO2-Al2O3-CaO-

TiO2-ZrO2-Nd2O3 system is studied. The effect of different parameters such as the 

crystallization temperature on the nature of the crystals (bulk + surface), their 

structure and their microstructure is developed. Glass composition changes are 

performed in order to increase the amount of zirconolite in the glass-ceramic 

samples and to incorporate preferentially minor actinide surrogate in the 

zirconolite crystals (double containment principle).  
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I. INTRODUCTION 

 

Today more than 7% of all the energy consumed in the world is produced by 

nuclear power reactors (440 reactors were in activity in 2004 around the world). 

Nuclear energy is essentially used to produce electricity and represents about 16% 

of the electricity produced in the world. For this application, about 50 000 tons of 

natural uranium are consumed every year producing 11 000 tons of nuclear spent 

fuel [1]. For several countries (France, Belgium, Lithuania), the contribution of 

nuclear energy to electricity production is higher than 50% (e.g. nearly 80% for 

France) [2]. Even if a few number of countries in Western Europe have made the 

choice not to develop nuclear energy (Italy, Austria) or to give up progressively 

their nuclear power activity (Germany, Sweden, Belgium) for political reasons, 

other countries have decided either to continue to use nuclear reactors (France, 

Finland, Switzerland) or to significantly increase the part of nuclear energy in their 

electricity production (China, Japan, United States, Russia, South Korea, India). 

The rising demand for energy, the risks of loosing oil and gas sources of 

procurement and the need to reduce green-house gas emissions are among the 

reasons of current and future nuclear energy development. Moreover, the building 

of a new type of nuclear reactor (EPR, European Pressurized water Reactor) more 

efficient than current PWR (Pressurized Water Reactor) is in progress in Finland 

and is envisaged in France. As for PWR, this new kind of reactor -belonging to the 

third generation- will use UOX (uranium oxide, UO2) and MOX (mixed uranium 

and plutonium oxides) fuels. All these considerations about nuclear energy 

demonstrate that increasing amounts of highly radioactive nuclear wastes will be 

produced in the future. Today, according to each country, two options exist 

concerning nuclear spent fuel:  

(i) Reprocessing with the Purex process to extract Pu and remaining U for reuse in 

new fuel and conditioning of residual wastes that contain fission products (FP) and 

minor actinides (MA: Np, Am, Cm) in highly durable glasses (closed nuclear fuel 

cycle) [3] followed by interim storage and then disposal of waste forms in deep 

geological formations [4]. 

 (ii) Direct disposal in deep geological formations of spent fuel without 

reprocessing (opened nuclear fuel cycle).  
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Today, about 30% of the nuclear spent fuel is reprocessed in the world [1]. The 

high level radioactive liquid wastes (HLW) produced after reprocessing are made 

of a complex mixture of both radioactive (fission products, minor actinides) and 

non-radioactive elements (for more details see §II). As they contain long-lived 

radionuclides (and/or long-lived daughter products) for which half-lives can reach 

thousands to millions years [5] (MA, 135Cs, 99Tc, 93Zr…,Table I), HLW must be 

isolated from the biosphere for very long times (from thousands to hundreds of 

thousands years), at least until their radiotoxicity level drops back to the 

radiotoxicity level of the initial uranium ore (Figure 1). For instance HLW 

obtained after UOX1 (UO2 with 3.5% 235U) spent fuel reprocessing, decay to return 

to a level close to the original fuel after approximately 2 000 years (Figure 1a).  

For a very efficient immobilization, a multi-barrier concept is envisaged (waste-

form < container < engineered barrier < geological barrier) around the radioactive 

waste to limit the release of radionuclides into the environment through the action 

of the underground water. The increasing need for fundamental and applied studies 

on HLW and nuclear waste forms for their conditioning is thus obvious. This last 

point is the main topic of this Chapter. 

Currently, after water evaporation and calcination of HLW solutions, wastes are 

incorporated by dissolution into the structure of glasses1 (mainly calcium alkali 

borosilicate glasses but alumino-phosphate glasses are also used in Russia [6,7]) 

melted in metallic2 or ceramic melters3 at temperature not exceeding 1100-

1150°C for technical reasons. Borosilicate glassy matrices are also used to 

immobilize the defence wastes obtained after the reprocessing of military spent 

fuel [7]. Moreover, new glassy matrices are also envisaged to immobilize old 

HLW solutions stored in stainless steel tanks and HLW solutions that will be 

produced in the future in commercial reactors after reprocessing of new spent 

fuels. For instance, in France, in order to improve reactors performance, the 

proportion of 235U fissile isotope in fuel will grow in the future (high burn up UO2 

fuel) [1]. Today in France, uranium oxide fuel used in PWR contains 3.5 or 3.7 % 
235U (UOX1 and UOX2 fuels respectively). In the future, the concentration of 
235U will reach 4.7-4.9 % (UOX3 fuel) [1]. As a consequence, new glass 

                                                           
1 Due to the lack of long range order in glassy matrices, glasses are the best waste forms for 
immobilization of complex waste mixtures. 
2 Such as the AVH process (see §III) used in France (La Hague) and in United Kingdom 
(Sellafield). 
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compositions are under development to efficiently incorporate and immobilize the 

highly concentrated HLW solutions that will be obtained after reprocessing of 

these new spent fuels [8]. For instance, a new rare earth-rich glass composition 

which enables greater waste volume reduction than current borosilicate nuclear 

glasses has recently been proposed to immobilize these new wastes [9,10,11]. 

Indeed, as rare earths represent the most abundant family of FP [12] (Table III ), 

their concentration in these new wastes will be high and rare earth-rich glassy 

waste forms appeared as the best candidate for their immobilization. Another 

example of glassy matrix has been recently developed for the immobilization of 

old HLW solutions containing high Mo and P concentrations. These solutions 

were recovered after the reprocessing -in the seventies in France- of UMo4 spent 

fuel [13]. The new waste form developed for UMo HLW conditioning must be 

more properly called glass composite material rather than glass because the melt 

partly crystallizes on cooling (see Figure 5 in §III). The use in the future of a new 

melting technology with cold crucible melter in vitrification nuclear plants will 

enable to melt glass compositions with higher refractory character than current 

borosilicate nuclear glasses [14,15,16]. Thus, new glassy waste forms that could 

not be melted in classical metallic or ceramic melters (such as the waste forms 

envisaged above to immobilize concentrated HLW and (Mo,P)-rich wastes) can 

be now envisaged. 

To minimize the potential long-term impact of HLW solutions, investigations are 

currently in progress in several countries such as in France5 on the enhanced 

separation of several long-lived radionuclides (MA, 135Cs, 129I, 99Tc) from HLW 

followed by their transmutation (into short-lived radionuclides or stable elements) 

or their immobilization in specific host matrices such as ceramics and glass-

ceramics [17,18,19,20,21] more durable than current nuclear glasses (Figure 2). 

These long-lived radionuclides may have a major contribution to the long term 

potential radiotoxicity6 of HLW. This is the case for MA which are long-lived α-

emitting radionuclides and that will be mainly responsible for the potential 

                                                                                                                                                               
3 LFCM (Liquid-Fed Ceramic Melter)are in use in Russia, United States and Japan. 
4 UMo is a metallic alloy containing U and Mo that was used in gas cooled reactors in France in 
1960’s. 
5 Research programs are in progress in France since 1991 (following the French Act of December 
1991) to reduce the toxicity and quantity of nuclear wastes recovered after spent fuel reprocessing, 
their conditioning, storage and deep disposal.  
6 The potential radiotoxicity of radionuclides corresponds to their activity multiplied by ingestion 
dose factors. 
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radiotoxicity of HLW after 2-3 hundred years disposal (Figure 1). Even if 

experiments have shown the possibility to transmute MA in neutron reactors [22] 

to reduce the radiotoxic inventory, the specific immobilization of MA is still 

considered as a possible alternative to transmutation. For MA immobilization, 

several ceramics such as zirconates, titanates and phosphates may incorporate 

higher amounts of MA in their structure than glasses and also exhibit better 

chemical resistance against water [18,19,23]. Similarly, highly durable matrices 

have also been developed for the conditioning of other highly radiotoxic actinide-

rich wastes such as Pu-rich military wastes in United States and Russia [7]. Other 

long-lived radionuclides (fission products) such as 135Cs, 129I and 99Tc have a 

lower contribution to the long-term radiotoxicity of spent fuel than MA but are 

more soluble in water and more mobile in geologic media [24,25,26] (Table II ). 

Their selective separation and immobilization in specific and highly durable 

matrices (hollandite, apatite…) would thus reduce the risks of migration towards 

biosphere during disposal. After enhanced separation of the most problematic 

radionuclides occurring in HLW, it is planed to immobilize the remaining wastes 

(consisting of non radioactive elements, short-lived radionuclides and long-lived 

radionuclides with low mobility and very slightly soluble in water) in glassy 

matrices (Figure 2). These glassy waste forms will lose their radiotoxicity 

relatively rapidly in comparison with current nuclear glasses. Indeed, after a few 

centuries, their radiotoxicity level will drop to that of the initial fuel. Radioactive 
90Sr is known to have one of the main contribution (with 137Cs) to the 

radiotoxicity and radioactivity of HLW during the first centuries (90Sr, 28.5 years 

half-life), is highly water soluble and may have a strong impact on biosphere [27].  

However, because of the lack of long-lived strontium isotopes its separation from 

radioactive solutions followed either by transmutation or specific immobilization 

is not envisaged contrary to Cs. Studies on enhanced separation, transmutation or 

specific immobilization of other long-lived FP such as 93Zr occurring in HLW 

(Table I) have not been performed because these radionuclides are not mobile in 

geological environment (Table II ) and have only very low solubility in water.  

 In this Chapter, we will firstly present generalities about the HLW recovered 

after nuclear spent fuel reprocessing (§II). The principles of their immobilization 

in different kinds of waste forms (ceramics, glass-ceramics and glasses) for mixed 

or separated radionuclides will be presented in §III. Results concerning ceramic 
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and glass-ceramic matrices developed for the specific immobilization of Cs and 

MA that have been studied in our laboratories will be then presented (§IV):  

- BaxCsy(M,Ti)8O16 hollandite ceramics (M: trivalent cation) for Cs 

immobilization. 

- CaZrTi2O7 zirconolite ceramics for MA immobilization. 

- Zirconolite-based glass-ceramics containing small zirconolite crystals 

homogeneously dispersed in a glass for MA immobilization. 

 

II.  Composition of HLW recovered after spent fuel reprocessing  

 

During the burning of nuclear fuel in nuclear reactors to produce electricity or 

military Pu, different elements (radioactive or not) considered as wastes are 

produced under the flux of neutrons: 

- Fission products (FP), produced by fission of 235U and fissile Pu isotopes (239Pu, 
241Pu). More than 300 radionuclides (which are β-emitters and sometimes also γ-

emitters) were identified, but more than 60 % of them will have disappeared 

several times after spent fuel discharge. These different FP correspond to nearly 

40 elements of the Mendeleyev classification from Ge to Dy and belong to 

different families (Table III ). They are all considered as wastes. An example of 

composition of HLW recovered after UOX1 reprocessing that illustrates this 

chemical diversity is shown Table IV [28]. However, the majority of FP are 

stable isotopes (for instance all Mo isotopes and the majority of rare earth 

isotopes occurring in significant amounts in HLW are stable) and will thus not 

contribute to radioactivity. Nevertheless, radioactive FP (among which 137Cs, 90Sr 

and 99Tc) will represent -during the first centuries- the main source of 

radioactivity and radiotoxicity of HLW solutions after Pu and U separation 

(Figure 1). The main long-lived FP are given in Table I. Studies have been 

performed concerning the possibility to isolate and transmutate the more mobile 

of these long-lived FP (I, Cs, Tc) or to find very durable specific waste forms to 

immobilize them. 

- Pu and MA isotopes produced by neutron captures mainly by 238U. They are all 

long-lived α-emitters and sometimes also γ-emitters. MA are all considered as 

wastes. This is not the case for Pu in countries which reprocess their spent fuel to 

extract Pu and produce MOX fuel. If civil spent fuel is not reprocessed, it is 
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considered as a waste and Pu will be the main responsible for spent fuel long-term 

radiotoxicity (Figure 1). More details about MA in HLW and their specific 

immobilization are given in §IV.   

- Activation products are radioactive elements (such as 55Fe, 60Co, 59Ni, 63Ni, 93Zr, 
14C) [1] produced by transmutation of non radioactive elements present in the fuel 

or in surrounding structures. The amount of activation products is very small in 

comparison with the two previous kinds of wastes (FP, MA). 

Even if FP and MA occurred in all nuclear spent fuels, their composition may 

strongly depend on: 

- The isotopic composition of the fuel, i.e. the level of 235U enrichment before its 

introduction in reactors (from 0.7 % for natural U to about 4.5-4.9 % in the 

future). Classically, the amount of 235U in the UOX fuel used nowadays in PWR 

is about 3.5-3.7 %.  

- The chemical composition of the fuel (UO2, U metal, metallic alloys with U).  

- The burn-up level when spent fuel is discharged from the reactor. 

- The time after discharge.  

 Consequently, the composition of HLW solutions that are recovered after 

reprocessing of spent fuel by the Purex process, will strongly depend on these 

different parameters. For instance, the concentrations of FP and MA are relatively 

low in HLW solutions originating from the reprocessing of military spent fuels or 

civil spent fuels with natural uranium because of their low burn up in comparison 

with the HLW solutions originating from PWR reactors [7]. Indeed, the amount of 

FP increases proportionally with the burn-up of UO2 fuel. However, the amount 

of MA increases more rapidly than the amount of FP (compare the compositions 

of UOX1 (Table IV ) and UOX3 (Table V) spent fuels and see Table VI). The 

concentrations of short live radionuclides (for instance 134Cs) will strongly 

decrease several years after spent fuel discharge and become negligible. For 

instance, UOX1 spent fuel is generally reprocessed 3 years after discharge. The 

time before reprocessing also enables to reduce the heat power of spent fuel. In 

the future, for high burn up spent fuels, this time will increase (Table VI). The 

chemical composition of nuclear fuel has also a strong impact on HLW 

composition. For instance, the high quantity of molybdenum in UMo fuel is 

mixed with FP and MA in HLW solutions.  
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In the Purex (Plutonium Uranium Refining by Extraction) process, the spent fuel 

is dissolved in hot nitric acid. U and Pu are then isolated from FP, MA and 

impurities by solvent extraction using tributylic phosphate (TBP). This process 

initially developed in the United States, is used industrially for more than 50 

years. During dissolution of the spent fuel in hot nitric acid, several volatile FP 

evaporated among which I, Kr and Xe [12]. Xe is no radioactive. 85Kr is a short 

live β-emitter (half-life10.7 years). Kr and Xe are discharged in the atmosphere. 

127I (19.4 %) is non radioactive but the majority of iodine (80.6 %) occurs as the 

long-lived radioactive isotope 129I (half-life 1.57 107 years). Iodine is a volatile 

element that can be incorporated with difficulty in classical glassy matrices. 

Moreover, it is highly mobile in geological environment (Table II ) and soluble in 

ground water. During spent fuel dissolution, I2 gas evaporates, is purified as 

iodide salt and is then discharged into the sea (principle of isotopic dilution with 
127I occurring in sea water). However, this solution is now regarded as 

unacceptable for instance in Japan and in France. This is the reason why studies 

have been performed concerning iodine transmutation or its specific incorporation 

in highly durable matrices. As 129I transmutation does not appear as technically 

possible [22], its immobilization in ceramic matrices [19,29,30] or by 

encapsulation in a metallic matrix [31] have been envisaged. For instance, it was 

shown that a composite apatitic ceramic made of Pb10(VO4)4.8(PO4)1.2I2 

encapsulated in a Pb3(VO4)1.6(PO4)0.4 matrix prepared by hot pressing at 580°C 

exhibited good chemical durability [19]. It is interesting to notice that a flux of 

about 184 kg of iodine is produced every year in France during spent fuel 

reprocessing [32].  

It must be underlined that the proportions of FP and MA in spent fuels are 

relatively small in comparison with the quantity of uranium remaining after 

burning. For instance, the evolution of the composition of UO2 fuel (enriched with 

3.5% 235U) after 3 years in a PWR reactor is shown in Figure 3 [33]. In this case, 

it appears that the amounts of FP and MA in spent fuel are respectively about 4 

wt% and 0.1 wt%. MA represent only 2-3 wt% of the wastes (FP + MA) in HLW 

solutions. Moreover, non radioactive but relatively abundant additional or 

corrosion elements also occurred in the radioactive solutions such as P, Na, Fe, 
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Ni, Cr and Zr7 (Tables IV and V). These elements originate from the Purex 

process (P, Na) or from the corrosion of the tanks (Fe, Ni, Cr) in which are kept 

HLW solutions before conditioning.  

Because of the risks of diffusion in the biosphere of the highly radiotoxic and 

toxic elements occurring in HLW solutions that are kept in metallic tanks8, these 

wastes must be conditioned in solid and highly durable matrices before deep 

underground disposal. Due to both its low chemical durability, its very high 

thermal power (produced by the high concentration of thermal radionuclides) and 

its high specific area, the calcine that is obtained after evaporation and calcination 

of HLW solutions cannot be considered as a good waste form. We will see below 

that calcine can only be considered as an intermediate product during vitrification 

processes for instance. In the next paragraph we will present the different kinds of 

matrices that can be envisaged to immobilize HLW solutions and separated long-

lived radionuclides.  

.  

III . Immobilization of non-separated or separated HLW: principles and 

examples. 

 

III.A. Principles of immobilization. 

 Concerning the immobilization of both non-separated wastes (HLW solutions) 

and separated long-lived radionuclides, two kinds of waste forms are generally 

proposed in literature [7]. Firstly, waste forms can be envisaged in which wastes 

are dissolved in the atomic structure of glassy or (single phase or multiphase) 

crystalline matrices (Figure 4a). In these conditions, the elements of the wastes 

are immobilized at atomic scale and the matrix act as a solvent. This is the case of 

the majority of specific and non-specific waste forms that have been studied in 

literature. It must be notice that all the nuclear glasses produced industrially 

belong to this category9. Secondly, waste forms can be envisaged in which the 

totality or at least a high fraction of wastes is encapsulated as particles in highly 

                                                           
7 Additional zirconium originates from zircalloy cladding but the majority of zirconium occurring 
in HLW is produced during fission reactions (Tables IV and V). 
8 After several years, leaks of radioactive solutions may appear due to tanks corrosion. Moreover, 
as it is necessary to evacuate continuously the hydrogen gas formed in tanks by water radiolysis 
and to permanently cool the solution in order to avoid explosion risks, the storage of HLW 
solutions in metallic tanks can only be considered as temporary. 
9 It must be indicated that even if the high majority of elements of HLW solutions are dissolved in 
the structure of nuclear glasses, noble metals are not soluble in the glassy matrix (see note 14). 
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durable glassy or (single phase or multiphase) crystalline matrices (Figure 4b). In 

these conditions, elements of the wastes are mainly immobilized at granular scale 

and the waste form appears as a composite material. If the particles containing the 

wastes exhibit good immobilization properties, the matrix can be considered as a 

second barrier against dissolution by water. The number of examples in literature 

of such composite matrices is less important than that in which wastes are 

immobilized at atomic scale [7]. They can be prepared by sintering a mixture of 

powders of wastes (calcine powder, crystalline or glass powders in which wastes 

were previously dissolved) and ceramic or glass powders that will act as 

encapsulating highly durable matrix after sintering. For instance, composite 

materials prepared by sintering and made of pyrochlore particles encapsulated in 

borosilicate or lead silicate glasses have been recently proposed as Pu waste forms 

[34]. Moreover, glass composite materials prepared from glasses by controlled 

crystallization (glass-ceramics) or by uncontrolled crystallization during cooling 

of the melt can also be considered as composite waste forms even if they were not 

prepared by sintering of powders. Nevertheless, in this case a high proportion of 

wastes may remain dissolved in the continuous glassy phase. For instance, this is 

the case of the glass composite waste forms that have been developed for the 

immobilization of UMo wastes containing high concentrations of Mo and P. They 

consist of crystalline molybdate and phosphate particles formed during melt 

cooling and dispersed in a glassy borosilicate matrix [13,35] (Figure 5).  

When looking for an efficient waste form for HLW solutions or separated wastes, 

several important points must be kept in mind concerning both the properties of 

the matrix and the difficulties that can be encountered for its synthesis in 

radioactive environment.  

Concerning the properties of the potential waste form, the following points must 

be considered: 

- The matrix must incorporate all the elements (radioactive or not) of the wastes 

with a high loading. Moreover, for radioactive elements, the matrix must also 

incorporate the daughter products. If high concentrations of thermal radionuclides 

occur in the wastes, loading is limited by the strong heating of waste forms. For 

instance, the high concentrations of 137Cs and 90Sr in HLW solutions (Table IV) 

is one of the points that limits the amount of wastes that can be incorporated in 

classical borosilicate nuclear glasses. Nevertheless, rare earth-rich borosilicate 
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glasses with higher glass transformation temperature are currently under 

development to increase waste loading [9].  

- The incorporation capacity of the matrix must not be sensitive to small 

fluctuations of the wastes composition. 

- The matrix must exhibit very good long term behavior concerning both its 

resistance against lixiviation by water and its resistance against self-irradiation. 

Indeed, radioactive wastes must be isolated from the biosphere at least until their 

radiotoxicity level will drop back to the radiotoxicity level of the initial uranium 

ore used to prepare the fuel. Even if structural evolutions occur under the effect of 

α-decays (amorphization of ceramics for instance), the chemical durability and 

the capacity of the matrix to retain radionuclides must remain very good. The 

existence of natural analogues for a given potential waste form is generally 

considered as a good indication of its good long term behavior. Natural analogues 

are durable minerals that have high natural radionuclide contents (U, Th) and that 

have been preserved in natural conditions for geological times (radionuclides 

were retained in their structure for millions of years). For nuclear borosilicate 

glasses, there are not true natural glass analogues that have contained boron and 

high concentration of natural radionuclides. Nevertheless, in spite of composition 

differences, natural basaltic glasses are often considered as good natural analogue 

of borosilicate nuclear glasses because of their similar chemical lixiviation 

properties [36,37]. Most of the ceramic waste forms proposed for the specific 

conditioning of long-lived radionuclides are based on natural analogues. In order 

to evaluate the long term behavior of glass or ceramic synthetic samples 

envisaged as potential waste forms, numerous accelerated tests of lixiviation and 

irradiation are performed. For instance, in order to simulate the long-term effects 

of self-radiation damages produced by α-decays, samples can be prepared by 

incorporating short-lived actinides such as 238Pu (half-life 87.7 years) or 244Cm 

(half-life 18.1 year) [38,39]. Nevertheless, external irradiation experiments with 

charged particles (heavy ions, α-particles) are more frequently used to simulate 

the effects of actinides self-irradiation (α-particles and α-recoils effects) because 

it is not easy to prepare and to study highly radioactive samples doped with 238Pu 

or 244Cm. The effects of γ−irradiation can be simulated using external 60Co or 
137Cs sources. β-irradiation can be simulated by external irradiation with electrons 

generated by a Van de Graaff accelerator. Concerning the long-term chemical 
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durability of potential waste forms, dynamic and static lixiviation tests can be 

performed under different conditions (temperature, pH, composition of the 

leaching solution…). For instance, dynamic experiments with a high flow rate of 

renewed distilled water at 100°C (so-called Soxhlet experiment) are classically 

used to determine the initial dissolution rate r0 of samples in pure water. The 

initial dissolution rate of the French nuclear glass R7T7 is 1.7 g.m-2.day-1 at 

100°C [40]. During static lixiviation tests (i.e. without solution renewal), the 

samples alteration generally drops by several orders of magnitude below r0 more 

or less rapidly. For glasses, this decrease of dissolution rate (by 4-5 orders of 

magnitude) is attributed to the formation of an amorphous gel layer with highly 

protective properties that acts as a diffusion barrier [41]. Concerning nuclear 

glasse, predictive modelling of long-term alteration rate is currently developed 

[42]. 

- The matrix must exhibit very good mechanical properties in order to avoid 

fracturation risks during manipulation and transport. Moreover, the matrix must 

have a low porosity for chemical durability reasons. Indeed, a high porosity would 

increase its specific area and would thus increase its reactivity with aqueous 

solutions.  

- The matrix must be stable under the heating produced by the decay of 

radionuclides. For instance, nuclear glasses must exhibit transformation 

temperatures Tg about 100°C higher than the temperature in the bulk of the 

containers to avoid crystallization risks during disposal.  

- The volume of the matrix must be several times smaller (5-6 for glasses) than 

that of HLW solutions. 

Concerning the synthesis of the potential waste form: 

- The process to incorporate the wastes into the matrix must be as simple as 

possible. The number of steps must be small in order to avoid the production of 

high amounts of secondary radioactive wastes and to reduce the cost of 

immobilization.  

- The temperature of synthesis must not be too high. This is particularly the case 

for the wastes containing high quantities of volatile radionuclides such as Cs, I 

and Ru. This is one of the points that limits the melting temperature of nuclear 

glasses.  
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III.B. Glasses, ceramics and glass-ceramics waste forms. 

 

In order to illustrate the previous paragraph, several examples of waste forms 

belonging to the glass, ceramic or glass-ceramic categories will be presented. 

Today, glass and ceramic matrices are generally retained to immobilize 

respectively non separated and separated wastes. Nevertheless, multiphase 

ceramics were also proposed as waste forms for HLW solutions. Glass-ceramic 

matrices constituted of crystals dispersed in a glassy matrix were mainly 

envisaged for the immobilization of non separated wastes. But recently, glass-

ceramics were also studied as potential waste forms for the specific 

immobilization of separated MA [20,43,44]. 

 

III.B.1. Glassy waste forms 

Even if several studies have been performed on glass compositions in order to 

immobilize separated long-lived radionuclides such as Cs, MA or Pu (see 

§IV.A.2.a and §IV.B.2), more durable single phase ceramic matrices (such as 

zirconolite for MA and hollandite for Cs) appear today as better candidates for 

this application. Nevertheless, for reasons that will be developed below, glasses 

remain the best waste forms for the immobilization of non separated 

radionuclides. Indeed, glasses are still today the only kind of waste form produced 

industrially in nuclear plants for the immobilization of HLW solutions originating 

from civil or military spent fuel reprocessing.  

The first potential use of glass as nuclear waste form was proposed in Canada in 

the 1950s [7], but the first industrial plant to produce borosilicate nuclear glasses 

was developed by the CEA and started in France in 1978 with the AVM10 process 

using metallic melter for the immobilization of HLW originating from the 

reprocessing of gas cooled reactors spent fuel. Since this date, others industrial 

vitrification plants have been developed over the world using either metallic or 

ceramic melters [7,16,45]. In 1989 and 1992 at La Hague (France), two other 

vitrification plants called respectively R7 and T7 started to produce a nuclear 

borosilicate glass (so-called R7T7 glass) for the immobilization of HLW 

originating from the reprocessing of PWR reactors spent fuel. This process (so-

                                                           
10 AVM: Atelier de Vitrification de Marcoule  
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called AVH11) is also used in UK by BNFL to vitrify HLW solutions in the 

Sellafield Vitrification Plant. The AVH process is very similar to the AVM 

process and vitrification of HLW solutions is carried out in two steps (Figure 6) 

[15,16]. In the first step, the concentrated radioactive solutions are evaporated and 

calcined in a rotating kiln (500°C). The calcine (made essentially of oxides and 

nitrates) is then introduced simultaneously with a glass frit into an induction-

heated metallic melter at about 1150°C for melting (Figure 7). After melt 

homogenization and fining, the glass is poured into canisters (containing 400 kg 

of glass). As there is no glass former (SiO2, B2O3, Al2O3) in the composition of 

the wastes12, it is necessary to introduce simultaneously a glass frit containing 

SiO2, B2O3, Al2O3, Na2O, CaO, Na2O, ZnO and Li2O. This glass frit contains 

alkali and alkaline earth elements which are well known in glass chemistry and 

technology for their role as fluxing agents during melting and for their structural 

role as modifiers near non-bridging oxygen anions (NBO) or charge compensators 

near [AlO4]
- and [BO4]

- entities in the glassy network13 [46,47] (Figure 8). To 

illustrate the chemical complexity of nuclear glasses used to immobilize non 

separated radioactive wastes, the composition of the R7T7 glass is given in Table 

VII [48]. It is the flexibility of the glass structure and the availability of charge 

compensators (such as alkali and alkaline earth ions) that enables the dissolution 

of such a variety of chemical elements in the waste form. This glass composition 

was optimized according to the points developed in previous paragraph. The 

amount of wastes incorporated in this glass ranges from 12 to 18 wt% [14]. Since 

1989, using this vitrification process, more than 10 000 glass containers (which 

represents less than 2000 m3 of glass) have been produced at La Hague [8]. The 

world production of all nuclear vitrification plants by the end of 2000 was about 

10 000 tons of radioactive glass in 20 000 canisters [16]. As indicated in the 

introduction of this Chapter, a new kind of metallic melter so-called cold crucible 

melter (CCM) will be soon installed in the vitrification plant of La Hague [13]. It 

enables to melt glass compositions at higher temperature than the AVH and AVM 

processes and suppresses the problems of corrosion of the metallic pot by the 

melt. In CCM, the glass melt is heated directly by induction currents and is 

                                                           
11 AVH: Atelier de Vitrification de La Hague 
12 There is only a small amount of phosphorus (P2O5 is a glass former) in the HLW solutions 
recovered after the Purex process (Table IV).  
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preserved inside a cooled volume of glass-batch material isolating the melt from 

the water cooled cold metallic crucible transparent to electromagnetic field 

[14,16,27]. As the crucible is not corroded by the molten glass, glass 

compositions with higher refractory character than classical nuclear glasses can be 

melted with this melter.  

There are three main reasons that can explain the success of glasses for HLW 

solutions immobilization: 

- The first point is the relative simplicity of vitrification processes: melting (waste 

+ glass frit) and casting [27,49]. The preparation of ceramic waste forms is 

generally more complex and may need grinding and (cold or hot) pressing steps. 

For instance, even if an inactive demonstration plant was developed for the 

Synroc multiphase ceramic fabrication [50], processes to prepare ceramic waste 

forms have never been used in nuclear industry. Moreover, as nuclear glasses 

fabrication is industrialized since almost 30 years, the nuclear industry has a very 

good knowledge of this technology. This technique also enables to prepare glass 

composite materials by controlled or natural cooling of the melt (Figure 5). 

- The second advantage of glasses concerns their amorphous nature which enables 

to incorporate a very large range of elements (the majority of the elements 

occurring in HLW solutions except noble metals14 for instance [51]) by 

dissolution at atomic scale (Figure 4a) because of the flexibility of the glassy 

structure. Moreover, glass waste forms are able to accept larger waste 

composition fluctuations than ceramics. Due to the lack of long range order, alkali 

aluminoborosilicate nuclear glasses can be considered as a 3-dimensional random 

network of tetrahedra (SiO4, [AlO4]
-, [BO4]

-) and triangles (BO3) linked by their 

corners by bridging oxygen (BO) anions (Figure 8). The other elements of the 

glass and particularly the ones coming from wastes, generally play the role of 

modifiers (i.e. they form non bridging oxygen (NBO) anions, this the case for 

instance of Na+, Cs+, Sr2+, Ba2+, Nd3+, La3+…) or charge compensators near 

negatively charged polyhedra. A schematic picture showing the insertion of 

several of these cations in a rare-earth rich glass [52] envisaged to immobilize 

highly concentrated HLW solutions is shown in Figure 8. For this rare earth-rich 

                                                                                                                                                               
13 For more details concerning glass structure and the role of the different oxides, see for instance 
[46,47,112] 
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glass, it was shown that Nd3+ ions play a modifier role (creation of NBO) rather 

than a role of charge compensator [11,52]. In order to illustrate the effect that may 

induce wastes (such as rare earths which are the most abundant FP) on glass 

structure, we will give another interesting result obtained for this rare-earth rich-

glass. It concerns the effect of rare earth concentration (La2O3) on the relative 

proportion of BO3 and [BO4]
- units in the glass and was obtained using 11B MAS-

NMR spectroscopy15 (Figure 9). Study of this figure clearly shows that the 

fraction of BO3 units strongly increases at the expenses of [BO4]
- units as La2O3 

concentration increases. This effect can be explained by the existence of a 

competition between the rare earth and boron for their association with both Na+ 

and Ca2+ ions for local charge compensation in the structure of the glass (Figure 

8). Such a competition induces a decrease of the fraction of [BO4]
- units (initially 

compensated for instance by Na+ or Ca2+ ions) when La2O3 increases.  

- The third reason concerns the good long term behavior of nuclear glasses due to 

their resistance to irradiation and their high chemical durability. As very 

numerous studies have been performed and published on chemical durability of 

nuclear glasses [40,41,53,54,55], this point will be not developed in this Chapter. 

Concerning resistance to irradiation of glasses, internal and external irradiation 

experiments simulating α-decays showed only very small evolution of their 

density [38]. For instance, the density of 244Cm doped R7T7 glass only decreases 

by 0.6 % after more than 4.108 disintegrations/g (this simulates the effect of about 

10 000 years of α-decays in the R7T7 nuclear glass) [56]. This results can be 

explained by the fact that the structure of glasses is already disordered 

(amorphous) before irradiation and by the ease of reconstruction of the broken 

bonds very rapidly after α-recoils as shown by molecular dynamics simulations 

[56]. Only small effects were observed under external electron irradiation used to 

simulate β−decays: migration of alkali ions accompanied by a small decrease of 

the number of NBO and formation of molecular O2 in the glass network [57]. 

Nevertheless, no significant effect on the chemical durability of nuclear glasses 

was observed after α− or β-irradiation experiments [56].  

                                                                                                                                                               
14 Nevertheless, a small amount of elements such as Ru, Pd, Rh and Te, that are not soluble in the 
melt occurred as crystalline phases such as RuO2 and polymetallic (Pd,Rh,Te) inclusions in 
borosilicate nuclear glasses (less than 3 vol%) [51].   
15 MAS-NMR: Magic Angle Spinning-Nuclear Magnetic Resonance 
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One of the main drawbacks that is frequently given about glasses concerns their 

thermodynamic instability in comparison with the crystalline state. Indeed, they 

can be considered as frozen undercooled melts and are thus in non-equilibrium 

state [58]. In spite of intrinsic instability of the glassy state, numerous examples 

of very old natural glass samples exist on the Earth and on the Moon that have no 

crystallized [59]. For instance, most of the volcanic glasses found on Earth are 

more than 65 million years old. The apparent thermodynamic stability of these 

glasses even for geological periods could be explained by both a high kinetic 

barrier to crystallize and a low crystallization driving force16 [60]. The risk of 

instability of these glasses is mainly chemical (lixiviation by water for instance). 

Concerning the French nuclear R7T7 glass, an interesting study concerning the 

risks of crystallization for very long periods at fixed temperature was performed 

by Orlhac [61]. An important point of this work (using experimental results and 

modelling), was that even for heating periods higher than several thousands years 

at a temperature 180°C higher than the glass transformation temperature (Tg ~ 

510°C), the amount of crystals formed in the glass will remain small. The 

formation of crystals may also occur during cooling of the melt after casting (as 

shown in Figure 5 for a glass composite waste form). Indeed, just after cooling, 

the temperature in the bulk of the canisters decreases slowly at about 1°C/min. It 

is important to underline that nuclear glass (such as R7T7 glass) compositions 

used for the immobilization of classical HLW solutions were optimized in order 

to avoid significant crystallization during cooling. Indeed, the formation of high 

amounts of crystals in nuclear glasses may affect their capacity to retain 

radionuclides and their long term behavior. Nevertheless, if the tendency of 

particular melt compositions to crystallize can be controlled, the preparation of 

glass-ceramics waste forms can be envisaged (see §III.B.3). 

  

III.B.2. Ceramic waste forms. 

Ceramics are multiphase or single phase polycrystalline materials generally 

obtained after pressing and sintering of precursor powders at relatively high 

temperature. Numerous examples of multiphase and single phase ceramics have 

been reported in literature for the conditioning of HLW solutions or to immobilize 

separated long-lived radionuclides [62,63,64,65,7,7]. Nevertheless, as shown in 

                                                           
16 Concerning the crystallization of glasses see for instance [60]. 
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previous paragraph, only glass waste forms are currently produced industrially. 

However, ceramics may exhibit several important advantages in comparison with 

glasses: 

-  Ceramics may exhibit superior mechanical properties. 

- Ceramics are more stable thermally (glasses may partially crystallize under 

heating and for T>Tg their viscosity rapidly decreases) and their thermal 

conductivity is generally higher than that of glasses. 

- Ceramics may be more durable by several orders of magnitude than borosilicate 

glasses because of the occurrence in there composition of high amounts of oxides 

with very low solubility in water such as ZrO2. Moreover, the existence of very 

old natural analogue samples for several of these ceramics shows that in spite of 

metamictization phenomena (i.e. amorphization of their structure as a result of the 

self-radiation damages associated with the α-decay of U and Th), these samples 

still exhibit very good durability.  

- Ceramics can accommodate in their structure higher concentrations of particular 

kinds of wastes such as MA and Pu which generally exhibit limited solubility in 

borosilicate glasses. 

For an efficient immobilization, it is expected that all the elements of the wastes 

are incorporated in the crystalline structure of the durable phases of the ceramics 

and not in minor phases segregated along grain boundaries. Consequently, all the 

constituent crystalline phases must provide sites in solid solution for the variety of 

ion sizes of all radionuclides and non radioactive elements of wastes. Ionic 

substitution may be generally possible if the ionic radii difference between cations 

does not exceed 15 % [63]. Moreover, the overall charge balance must be 

maintained in the crystals. In order to maintain local electroneutrality multiple 

substitutional schemes can be envisaged. For instance in zirconolite (CaZrTi2O7), 

the partial substitution of Ca2+ ions by trivalent actinides or rare earths can be 

achieved by substituting partially Ti4+ by Al3+ ions in order to compensate the 

positive charge excess in calcium sites (see §IV.B). Thus, in this example, it 

appears that in order to incorporate preferentially trivalent actinide or rare earth 

ions in calcium site it is necessary to add Al2O3 to the precursors mixture. All 

these crystal chemical considerations clearly show that ceramics structure is less 

flexible than that of glasses to accommodate ions of various size and charge and 

waste composition fluctuations.  
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III.B.2.a. Ceramic waste forms for the immobilization of non separated 

radioactive wastes 

To immobilize the wide spectrum of elements occurring in HLW solutions, ideal 

ceramic waste forms must have relatively complex structure with a high number 

of different coordination polyhedra of various size and shape. Moreover, for 

charge balance, multiple substitutional schemes must exist. Several single-phase 

ceramic formulations with high structural flexibility were proposed for 

conditioning HLW solutions such as solid solutions based on sodium zirconium 

phosphate NaZr2(PO4)3 (NZP) [7,65]. However, the main examples of ceramics 

envisaged to immobilize the complex HLW solutions were generally multiphase 

assemblages (tailored ceramics) with unequal partitioning of radionuclides and 

non radioactive elements between the phases [66,65]. In Supercalcine ceramics, 

the complex mixture of elements of HLW was modified by minimum chemical 

additions of Ca, Sr, Al and Si salts to encourage the formation of an assemblage 

of crystalline phases able to incorporate all the wastes. About eight phases were 

reported in literature [65,67] such as silicate apatite (for MA and rare earths 

immobilization) and pollucite (for Cs immobilization). However, because of the 

presence of SiO2, a liquid phase may exist at high temperature during sintering 

that may persists after cooling as an undesirable Cs-rich glassy phase with lower 

leach resistance than the crystalline phases. Alumina-rich multiphase ceramics 

containing for instance magnetoplumbite, spinel and uraninite phases were also 

envisaged to immobilize HLW defence wastes in United States [63,66]. For both 

Supercalcine and alumina-rich ceramics the principle was to take the greatest 

possible advantage of HLW in order to minimize the amounts of constituent 

added in the mixture before sintering. This was not the case for the 

thermodynamically stable Synroc titanate-based ceramics for which the additives 

introduced with wastes were employed to produce the constituent phases in which 

all the radionuclides and non radioactive elements were dissolved in dilute solid 

solution.  

Different kinds of Synroc (Synthetic Rock) waste form formulations were 

developed in Australia in the 1970s to immobilize civil or military HLW solutions 

[7]. The reference form of Synroc (Synroc-C) largely developed by Ringwood 

and co-workers [50,68,69] consisted of an assemblage of four main titanate 
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crystalline phases: zirconolite, hollandite, perovskite and titanium oxide (Table 

VIII ). These phases have the capacity to incorporate almost all the radioactive or 

not elements present in HLW. Examples of the main elements incorporated in 

zirconolite, perovskite and hollandite are given in Table VIII . Detailed crystal 

chemical information on these phases and on the incorporation schemes of the 

main radionuclides were given by Fielding and White [70]. The work of 

Ringwood and co-workers [50,69] was based on a geochemical approach of waste 

immobilization. Indeed, very old and stable natural analogues of zirconolite and 

perovskite phases exist in nature [50]. After synthesis under reducing conditions 

with some added Ti metal, minor amounts of metal alloys are also present in the 

multiphase Synroc-C ceramic. This metal alloys incorporating elements such as 

noble metals, molybdenum and also probably technetium are microencapsulated 

by the primary titanate phases. Literature reports that because of the large number 

of incorporation schemes, the mineralogy of Synroc was able to adjust within 

certain limits to the fluctuations of the composition of the wastes [7].  In the early 

stages of the research program on Synroc, ceramics were prepared by oxide route 

(i.e. a conventional ceramic method using oxide, carbonate and hydroxide 

powders as precursor materials). In order to increase both the homogeneity of the 

mixture of precursors and the densification of the ceramic, wet chemistry 

processes were then developed mixing alkoxide and hydroxide precursors with 

simulated HLW solutions [50]. The slurry thus obtained was then dry, calcined 

under reducing conditions and hot pressed in graphite dies. Such a preparation 

method is thus more complex than glass melting. However, because of the 

occurrence of high amounts of TiO2 and ZrO2, Synroc ceramics have better 

chemical durabilities than nuclear glasses [50]. Nevertheless, the presence of 

impurities may lead to the formation -near grain boundaries- of water soluble 

phases containing radioactive species. Although, Synroc ceramics were never 

used in nuclear industry to immobilize HLW solutions, two of the titanate phases 

(zirconolite and hollandite) are currently envisaged as single-phase for the 

specific conditioning of separated long-lived radionuclides. Moreover, a 

zirconolite-rich Synroc formulation was proposed for excess weapons Pu 

immobilization [71].  
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III.B.2.b. Ceramic waste forms for the specific immobilization separated long-

lived radionuclides 

It was mainly in 1990s that begun intensive research on ceramic matrices for the 

immobilization of separated long-lived radionuclides under both the impulsion of 

the disposal option of excess weapons Pu in United States and Russia and the 

French law concerning the reduction of the potential long-term impact on 

biosphere of HLW recovered after nuclear spent fuel reprocessing.  

Concerning Pu conditioning, mainly single-phase ceramics were proposed to 

incorporate high amounts of plutonium. In this case, it is very important that the 

crystalline phase can also incorporate high amounts of neutron poisons (Gd, Hf) 

to avoid criticality risks. Different matrices (mainly zirconate and phosphate 

phases) were proposed as potential waste forms. For instance, zircon (ZrSiO4), in 

spite of its high tendency to swelling under α-radiation [39], is an extremely 

durable phase that can incorporate Pu4+ and Hf4+ ions in zirconium site was 

proposed as an interesting candidate for this application [72,73]. Zirconia (ZrO2) 

was also proposed for Pu conditioning because of it its excellent resistance to both 

chemical alteration and α-radiation (lack of amorphization), the existence of a 

total solid solution between ZrO2 and both PuO2 and HfO2, and the possibility to 

incorporate Gd3+ in zirconium site [74,75,76]. A more considerable number of 

studies were performed on zirconolite (as single-phase or in zirconolite-rich 

multiphase Synroc) and pyrochlore ceramics. For instance, it was shown that Pu, 

Hf and Gd could be incorporated in the zirconolite phase of zirconolite-rich 

Synroc ceramics containing up to 80 wt% zirconolite [71]. Vance et al. justify the 

choice of a multiphase ceramic rather than single-phase zirconolite for Pu 

immobilization by the that zirconolite-rich Synroc could accommodate more 

easily variations in the ratio Pu/precursors and the occurrence of other crystalline 

phases than zirconolite would reduce grain size. This small grain size would 

reduce the risks of microcracking under Pu α-radiation in the zirconolite phase 

and would increase the mechanical properties of the ceramic. Another advantage 

was that it could be envisaged to incorporate simultaneously highly radioactive 
137Cs in the hollandite phase of zirconolite-rich Synroc in order to reduce 

diversion risks. Nevertheless, the titanate pyrochlore phase (U, Pu, Hf, Gd)2Ti2O7 

was finally retained by the Americans as the best candidate for Pu conditioning 

[6,77]. It must be underline that these pyrochlore waste forms were not single-
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phase. Even if pyrochlore was the major phase, minor phases such as zirconolite, 

brannerite, and rutile were also present [78]. Other phases such as apatite and 

monazite were also proposed to immobilize Pu [72].  However, the program 

concerning the immobilization of Pu excess was abandoned in 2002 in United 

States in favor of conversion of PuO2 into MOX fuel [77].  

Concerning the conditioning of the long-lived radionuclides (MA, 135Cs, 129I) that 

can be separated from HLW solutions, several ceramic compositions were 

proposed. These studies were mainly performed in France (CEA) and in Australia 

(ANSTO). Examples of highly durable ceramics candidates for I, Cs or MA 

immobilization are presented in Table IX [19,23,18,79,80,81]. Waste 

incorporation amounts of 7 wt% (I), 5 wt% (Cs) and 10 wt% (MA) can be reached 

respectively for the iodoapatite, the hollandite and the three matrices developed 

for MA conditioning given Table IX [82]. The case of 129I specific conditioning 

was already presented in §II. Detailed results concerning the synthesis and the 

properties of hollandite for radioactive cesium conditioning are presented in 

§IV.A. Zirconolite is able to incorporate both trivalent and tetravalent minor 

actinides mainly in the calcium site of its structure (see §IV.B). Britholite is a 

fluorophophosilicate apatite also able to incorporate trivalent and tetravalent MA. 

The studies performed on this apatite ceramic were based on natural analogues 

such as the mineral phases crystallized during the natural nuclear reactions at 

Oklo (Gabon) [83]. Moreover, the phosphosilicate apatite structure seems capable 

of annealing the defects created by self-irradiation, even at low temperatures. 

Moreover, external irradiation experiments (simulating α-particles and recoils 

nuclei) clearly demonstrated that this capacity of annealing of britholite increased 

with the P/Si ratio [84]. Another highly durable phosphate ceramic (TDP), but 

without natural analogue, was envisaged for MA immobilization [81]. However, 

this matrix is only suitable for tetravalent MA immobilization by substitution at 

thorium site [23]. In this case, TPD/monazite composite ceramic waste forms are 

envisaged to immobilize simultaneously tetra- and trivalent MA [23,85]. Indeed, 

monazite (LnPO4) is a highly durable matrix able to incorporate trivalent MA 

following the scheme Ln1-xMA xPO4  [86] (Ln: lanthanides).  

 

 

III.B.3. Glass-ceramic waste forms. 
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III.B.3.a. Definition and principles of preparation of glass-ceramics 

Glass-ceramics are composite materials generally obtained by controlled 

crystallization (nucleation + crystal growth steps) of a glass (so-called parent 

glass) between its glass transformation temperature Tg and its liquidus 

temperature Tliq (i.e. in the region of undercooled melt)17. A schematic illustration 

showing the relative position of nucleation I (number of nuclei/time.volume unit) 

and crystal growth u (average crystals size/time) rate curves are shown in Figure 

10a,c. In this figure, two cases are envisaged, either I and u curves are well 

separated (Figure 10a) or there exists a temperature field in which crystals can 

both nucleate and grow (grey zone in Figure 10b). A scheme showing an 

example of nucleation and crystal growth thermal treatment to prepare a glass-

ceramic from a glass is shown in Figure 10b. More rarely, the preparation of 

glass-ceramics can also be envisaged by controlled cooling of the melt (i.e. 

without decrease the melt temperature below Tg before nucleation and crystals 

growth steps, Figure 10d,e). Such a method of glass-ceramic preparation is only 

possible if I and u curves are not well separated (Figure 10c).  

 In glass-ceramic literature [87,88], glass composites samples that contain either 

relatively big crystals (with size > several tens µm) heterogeneously dispersed in 

the bulk of a glass (so-called residual glass) or crystals nucleating only from the 

glass surface and growing towards the bulk, are not considered as true glass-

ceramics. Generally glass-ceramists called true glass-ceramic, samples obtained 

by controlled crystallization of a parent glass and containing several tens vol% of 

micrometric crystals homogeneously dispersed in a residual glass. For these 

reasons, the samples shown in Figures 5 and 12a cannot be considered as true 

glass ceramics. Very often, it is necessary to adapt the parent glass composition 

by adding nucleating agents to the batch before melting in order to favor the 

nucleation of a very high amount of nuclei homogeneously dispersed in the bulk 

of the glass [87,88,89]. The nucleating agents are generally high field strength18 

elements soluble in glass melt at high temperature but which tend to separate from 

the glassy network in the undercooled melt by glass-in-glass phase separation or 

                                                           
17 Below Tg, the undercooled melt transforms to a glass and its viscosity η becomes very high (η > 
1013-1014 dPa.s). In these conditions, I and u rates are generally considered as negligible.  
18 The field strength F of a cation in an oxide material can be defined as F=Z/d2 with Z the cation 
charge and d the mean cation-oxygen distance.  
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by formation of small crystals in the bulk that will then serve as nucleation sites 

(heterogeneous nucleation) for partial crystallization of parent glass. Glass-

ceramics can contain either only kind of crystalline phase or several different 

crystalline phases. The development of detailed thermodynamic and kinetics 

theories of nucleation and crystals growth in undercooled melts is behind the 

scope of this Chapter. For more explanations concerning these points, the reader 

can consult for instance [60, 89,90].   

Even if the formation of crystals by thermal treatment of glasses is known for a 

very long time by glass makers, the first tentative to use this phenomenon for 

practical application was published in literature by Réaumur in 1739 [91].  

Nevertheless, this tentative was unsuccessful because in the glass compositions 

studied by Réaumur, nucleation occurred essentially from glass surface. True 

glass-ceramics were discovered only in 1957 accidentally by Stookey [92] from 

the Corning Company. Since this date, glass-ceramic materials have found 

numerous applications particularly for their excellent thermo-mechanical 

properties [87]. In nuclear waste management, glass-ceramic waste forms were 

initially envisaged in 1976 [93] in Germany, to improve the thermal stability and 

mechanical properties of borosilicate nuclear glasses by partial crystallization. 

Since this date, different examples glass-ceramic waste forms have been 

envisaged mainly for the immobilization of non separated radionuclides of HLW 

solutions recovered after civil or military nuclear spent fuel reprocessing. The 

amount of works reported about the immobilization of long-lived separated 

radionuclides is very limited. Several examples of glass-ceramics will be briefly 

presented in the next paragraph whereas an example of glass-ceramic studied in 

our laboratories and containing zirconolite crystals will be largely developed in 

§IV.C. 

 

III.B.3.b. Glass-ceramics as nuclear waste forms for non separated HLW   

As indicated in previous paragraph, for nuclear wastes immobilization, glass-

ceramics were initially envisaged only to improve the thermal stability and 

mechanical properties of nuclear glasses. In this case, modified borosilicate 

nuclear glass compositions containing simulated non separated wastes were 

selected to lead to the crystallization of different phases by nucleation and crystal 

growth thermal treatments. Among the different compositions that were studied, 
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we can give the examples of barium aluminoborosilicate glass-ceramics and 

barium titanium silicate based glass-ceramics leading respectively to the 

crystallization of celsian (BaAl2Si2O8) and fresnoite (BaTiSi2O8) as major phases. 

However, if we consider the ability of these major phases to incorporate elements 

of the wastes, celsian crystals were only able to incorporate Ba whereas fresnoite 

crystals were able to incorporate Ba and Sr [93]. Nevertheless, additional minor 

phases able to incorporate several elements of the wastes were also observed such 

as pyrochlore, scheelite (BaMoO4) and pollucite (CsAlSi2O6) for the celsian-

based glass-ceramics. Detailed results concerning these two kinds of glass-

ceramic waste forms were summarized in the papers of Hayward [94,95]. In 

comparison with nuclear borosilicate glasses, the mechanical properties of these 

glass-ceramics were improved. However, their chemical durability was not 

enhanced. Thus, the development of these glass-ceramics as potential waste forms 

was abandoned. One of the most important work performed on glass-ceramics for 

the immobilization of non separated HLW wastes was performed in Canada by 

Hayward and his colleagues [94,95,96,97,98,99,100] in the1980s. Their objective 

was to developed titanite19(CaTiSiO5)-based glass-ceramics (i.e. with titanite as 

major crystalline phase) for the immobilization of HLW solutions originating 

from the eventual reprocessing of Canadian nuclear spent fuel (CANDU20 fuel). 

In these glass-ceramics, the aim was to incorporate wastes in the Ca and Ti site of 

titanite crystals and in the residual glass. Titanite as major crystalline phase in 

these glass-ceramics was selected for different reasons: 

-  The capacity of its structure to incorporate a wide range of the elements 

occurring in wastes (An, Ln, Sr, Ba….)  

- Its good chemical durability and its thermodynamic stability in the saline 

environment that was envisaged for waste forms disposal in Canada 

-  The existence of metamict natural analogue samples.  

In their work, the parent glass compositions chosen by Canadians belong to the 

SiO2-Al2O3-CaO-TiO2-Na2O system. It was envisaged to immobilize between 10 

and 15 wt% wastes in the glass-ceramics. Parent glasses were melted in the 

temperature range 1250-1450°C. They were then nucleated between 650 and 

1050°C and crystal growth was performed between 950 and 1050°C. In these 

                                                           
19 Titanite is also called sphene. 
20 CANDU: CAnada Deuterium Uranium  
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glass-ceramics, titanite was the only or the major crystalline phase that can 

occupy 40 vol% of the samples and residual aluminosilicate glass was highly 

durable. However, it appeared that crystallization of these glass-ceramics was not 

easy to control and all parent glasses undergo rapid glass-in-glass phase 

separation during cooling from the melt. In compositions containing no wastes, 

the crystallization of titanite takes place either by surface nucleation or 

sporadically by heterogeneous nucleation in the bulk. The effect of individual 

elements occurring in wastes and of the simulated mixture of HLW wastes on 

crystallization was also studied. Some of the individual elements such as rare 

earths and uranium exhibit major influence on nucleation and crystallization 

processes. Concerning partitioning of wastes between titanite and residual glass, it 

appeared that lanthanides and Y strongly partitioned in the titanite crystals, where 

they replace calcium ions. Two charge compensation schemes were envisaged for 

trivalent lanthanides in order to compensate the positive charge excess in Ca site 

of titanite, either (Ca2+, Ln3+ + Na+)TiSiO5 or (Ca2+, Ln3+)(Ti4+,Al3+)SiO5. This 

could indicate that trivalent MA would preferentially partition in titanite crystals. 

Similarly, Zr4+ ions from wastes preferentially partitioned into titanite. However, 

U6+, Ba2+ and Cs+ ions from wastes remained into the residual glass. In spite of its 

relatively good properties as waste forms for HLW solutions immobilization, 

titanite-based glass-ceramics were never used industrially. The reason was that 

Canada finally decided (as United States) not to reprocess its nuclear spent fuel.  

Nevertheless, the results that were obtained on titanite-base glass-ceramics were 

very interesting and helpful for our own studies on zirconolite-based glass-

ceramics.  

 

III.B.3.c. Glass-ceramics as nuclear waste forms for separated long-lived 

radionuclides  

Most of the work performed on glass-ceramics for nuclear waste management 

concerns non separated wastes (HLW solutions). Nevertheless, several studies 

were realized in France and in United States to immobilize respectively MA and 

Pu in glass-ceramics. As these wastes are α-emitters, they may induce 

amorphization and swelling of the crystals in which they are incorporated. In this 

situation, the swelling of crystals in residual glass can result in microfracturing of 

the waste form, which can greatly increase the surface area for radionuclide 
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release. Such microfracturations were observed for instance in glass-ceramics 

containing 244Cm doped apatite and pyrochlore big crystals [39]. In order to 

reduce local constrains around crystals and the risks of microfracturation during 

disposal, their size must not exceed several µm. 

Examples of specific and highly durable single phase ceramic waste forms for 

conditioning relatively high amounts of separated MA or Pu were presented in 

§III.B.2. However, one of the main drawbacks of radioactive single-phase 

ceramic waste forms is that they remain more difficult to prepare (grinding + 

sintering) than radioactive glasses (melting + casting) in nuclear facilities. To 

benefit at the same time from the ease of glass preparation and from the very good 

long term behavior and high incorporation capacity of ceramics, the preparation 

of glass-ceramic waste forms consisting of small highly durable crystals (which 

would preferentially incorporate MA or Pu) homogeneously dispersed in a 

durable glassy matrix - acting as a second barrier of containment (double 

containment principle) - appears as an interesting alternative to ceramics for  MA 

and Pu conditioning (Figure 2). The principle of immobilization of MA in glass-

ceramics is illustrated in Figure 11. Nevertheless, for such an application, MA or 

Pu must be incorporated preferentially in the crystalline phase (i.e. the 

partitioning ratio of MA or Pu between crystals and residual glass must be high). 

Moreover, due to the existence of a residual glassy phase embedding the crystals, 

such waste forms could accommodate more easily waste composition fluctuations 

and impurities than single phase ceramics. Indeed, because of the crystalline 

structure of ceramics, impurities and waste composition fluctuations could 

generate low durability parasitic phases containing radioactive elements in 

ceramic waste forms. Two examples of glass-ceramics for MA immobilization 

containing either zirconolite or rare-earth silicate apatite as only crystalline phase 

in their bulk will be firstly presented. 

By controlled crystallization of a parent glass belonging to the SiO2-Al2O3-CaO-

TiO2-ZrO2-Ln2O3 system (where Ln such as Nd simulates trivalent MA), it has 

been shown that it was possible to prepare glass-ceramics with zirconolite as only 

crystalline phase in their bulk [101,102]. In these zirconolite-based glass-

ceramics, the highly durable zirconolite crystals were shown to incorporate MA 

surrogates (Ln) [103,104]. For instance, the composition of the zirconolite 

crystals was Ca0.82Nd0.19Zr1.05Ti1.77Al0.17O7 for a parent glass containing 6 wt% 
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Nd2O3. Such waste forms were envisaged as potential candidates for the specific 

immobilization of MA. The effects of parent glass composition, of surrogate’s 

nature and of preparation method on the microstructure of the glass-ceramics and 

on the structure and the composition of the crystals formed either in their bulk or 

near their surface were studied in our laboratories and the main results of these 

studies are presented in §IV.C of this Chapter. Nevertheless, in these glass-

ceramics a significant amount of Ln remains in the residual glass after zirconolite 

crystallization.  

During the optimization of a rare earth-rich glass composition for the 

immobilization of highly concentrated HLW solutions [9], a glass composition 

was found that could be melted at 1300°C and that lead easily to a glass-ceramic 

constituted of a high density of small crystals of rare earth-rich silicate apatite 

homogeneously dispersed in the bulk of the samples after controlled nucleation + 

crystal growth heat treatments [20] (Figure 12b). The composition of parent glass 

is given in the legend of Figure 12 and the composition of crystals was 

approximately Ca2Nd8(SiO4)6O2. A shown by X-rays diffraction (XRD), apatite 

was the only phase nucleating and growing in the bulk and near the surface of this 

glass-ceramic (Figure 13). As Nd is generally considered as a good trivalent MA 

surrogate, such glass-ceramics could also be envisaged for MA conditioning. By 

slow cooling of the glass melt, a smaller number of big crystals with typical shape 

were formed (Figure 12a). These crystals were also identified by XRD as 

neodymium silicate apatite (Figure 13). The strong decrease of the number of 

nuclei between the two methods of crystallization shown in Figure 12 can be 

easily understood considering the relative positions of u and I curves in Figure 

10. These apatite-based glass-ceramics were more efficient to concentrate 

lanthanides in the crystalline phase than the zirconolite-based glass-ceramics. 

This is not really surprising because neodymium ions occupied a smaller fraction 

of the cation sites in zirconolite crystals. Indeed, Nd3+ ions occupied about 20% of 

the Ca2+ sites in zirconolite whereas Nd3+ ions occupied 80% of the cation sites 

available in the apatite crystals according to the composition of the crystals given 

above. Nevertheless, according to literature, rare earth silicate apatite crystals do 

not exhibit as good long term behavior as zirconolite [105].  

Among, the different options that were initially envisaged for immobilizing 

excess Pu in United States, it was envisaged to dissolve plutonium in a glassy 
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matrix along with enough fission products (β-emitters) for non-proliferation 

reasons. Considering the solubility of Pu in silicate glasses as problematic, it was 

also proposed to immobilize Pu at the same time as neutron absorbers (for 

criticality control) in highly durable crystals dispersed in a glass-ceramic waste 

form.  A glass-ceramic composition containing numerous crystalline phases and 

able to immobilized 17 wt% PuO2 incorporated mainly in zirconia and zirconolite 

phases was proposed [106]. It was also envisaged to incorporate simultaneously 

highly radioactive HLW wastes in this glass-ceramic to discourage recovery of 

the Pu. 

 

IV. Studies on specific matrices for the immobilization of long-lived 

radionuclides 

 

As shown in §II of this chapter, after 2-3 hundreds years disposal, minor actinides 

(Np, Am, Cm) will have the main contribution to potential radiotoxicity of HLW 

(Figure 1). If the transmutation of these long-lived radionuclides (after selective 

separation) into short-lived or non-radioactive elements appears as the best 

solution to minimize the potential long-term impact of HLW on living 

environment, their immobilization in specific host matrices– such as ceramics or 

glass-ceramics- with greater chemical durability than nuclear borosilicate glasses 

can also be envisaged as an alternative method to reach this objective. Moreover, 

even if long-lived fission products such as 135Cs and 129I have a lower contribution 

to long term radiotoxicity of spent fuel than MA, these radionuclides are more 

mobile in geological media than MA because of their physicochemical properties 

(Table II ). These FP may thus reach the biosphere before significant decrease of 

their radioactivity if they are incorporated in low durability phases. As 

transmutation of 135Cs and 129I does not appear feasible for technical reasons [22], 

the specific conditioning of these long-lived radionuclides in very durable waste 

forms will minimize their potential impact on biosphere. The case of radioactive 

iodine (which does not occur in HLW solutions) specific immobilization was 

presented in §III.  

In this part are presented the main results we obtained concerning synthesis, 

microstructural and structural characterizations and several properties (effect of 

external irradiations to simulate α or β self-irradiation during waste forms storage 
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and disposal, thermodynamic stability of glass-ceramics…) of three different 

matrices that have been envisaged to specifically immobilize either cesium 

(hollandite) or minor actinides (zirconolite ceramic, zirconolite-based silicate 

glass-ceramic). Examples of other matrices proposed in literature to immobilize 

these long-lived radionuclides will be also presented.  

 

IV.A. The specific immobilization of radioactive cesium 

Cesium is one of the most abundant fission products in HLW (Table IV) in which 

it occurs both as non radioactive (133Cs) and radioactive isotopes with short half-

life (134Cs, 136Cs, 137Cs) or long half-life (135Cs) (Table I). Because of the short 

half-life isotopes, cesium is also one the main responsible (with 90Sr and 241Am) 

for the heating power of HLW. The high thermal power of cesium thus limits the 

amount of cesium that can be incorporated in specific matrices. Cesium will have 

also one of the highest contributions (with Pu) to potential radiotoxicity of spent 

fuel during the first centuries after discharge. Another important problem with 

cesium is the high mobility of Cs+ ions in geological environment (Table II ) due 

to its big size, low charge and low electronegativity [25,107]. Currently, cesium is 

conditioned simultaneously with all FP of HLW in glassy matrices but glass and 

wastes compositions must be adapted in order to avoid the formation during melt 

cooling of poorly durable parasitic crystalline phases (called “yellow phases”) that 

can concentrate cesium [108,109]. All these considerations clearly point out that 

dispersion of radioactive cesium in biosphere must be absolutely avoided even 

after long periods of waste form disposal because of the occurrence of 135Cs. All 

Cs isotopes can be selectively extracted (simultaneously with Rb) from HLW 

solutions using enhanced separation process with calixarenes crown molecules 

[110] complementary to the Purex process21 (Figure 14). As transmutation of 
135Cs is not achievable reasonably without isotopic separation [111], the 

conditioning of radioactive cesium (mixture of all isotopes) in specific ceramic 

waste forms with greater leach resistance than borosilicate glasses, appears as an 

interesting alternative to transmutation. The selective immobilization of cesium in 

a specific highly durable matrix would reduce the risks of 135Cs migration towards 

biosphere. However, it must be kept in mind that because cesium is a big alkali 

                                                           
21 Extraction of Cs can be done either immediately before or after extracting MA from HLW 
solutions. 
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cation with low electronegativity, it has a high volatility at high temperatures 

[27,112] during waste form fabrication (because of the small strength of Cs-O 

bonding) and tends easily to form water-soluble compounds.  

In the following paragraphs we will give more precise information about 

radioactive cesium and we will briefly review the different kinds of matrices that 

have been envisaged as potential candidates for its immobilization. We will then 

present the main results (microstructural and structural study, stability under β-

irradiation) we obtained concerning a BaxCsy(M,Ti)8O16 hollandite type matrix 

(with x + y < 2, M being a trivalent cation) which appears today as one of the best 

matrix for Cs conditioning [79,113,114,115,116,117,118]. Indeed, ferriferous 

hollandite ceramics (with M3+ = Fe3+ or M3+ = Fe3+ + Al3+) have been retained as 

the potential candidate for specific immobilization of radioactive cesium in the 

framework of the French law passed in 1991 concerning the research on long-

lived radioactive waste management [18,79].  

 

IV.A.1.   Radioactive cesium in HLW 

In France, a flux of about 2.8 tons of cesium is generated every year after 

reprocessing of 800 tons of nuclear spent fuel [32]. In the world, 46 kg of cesium 

are produced every day in nuclear reactors [119]. Whereas naturally occurring 

cesium is entirely non-radioactive (133Cs), five main Cs isotopes are present in 

nuclear spent fuel (Table X) [120]. The relative proportions of these isotopes in 

HLW solutions depend on the nature of the fuel, on its burn up and on the time 

before reprocessing. Examples of proportions of Cs isotopes in different UOX 

spent fuels 4-5 years after discharge are given in Table XI [121]. It appears that 
135Cs represents approximately 14% of all the cesium isotopes in UO2 spent fuel 

which corresponds to an amount of about 390 kg generated every year in France 

after reprocessing. Because of their short half-lives, 136Cs rapidly disappears and 
134Cs concentration strongly decreases before conditioning. During the first three 

centuries after spent fuel discharge, the cesium radioactivity will be dominated by 
137Cs which then will become negligible in comparison with that of 135Cs. 

Consequently, the radioactivity of cesium will be firstly controlled by 137Cs 

during storage and the beginning of disposal and then only by 135Cs. 137Cs will be 

thus the main responsible of heating in waste forms among all cesium isotopes. In 

order to limit the temperature in the bulk of waste forms (T ≤ 300°C), no more 
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than 5 wt% Cs2O must be incorporated in specific matrices. In the French nuclear 

glass R7T7, the amount of Cs2O is about 1.29 wt%.  The decay of radioactive 

cesium isotopes (134Cs, 135Cs, 137Cs) involves the emission of β−particles 

(electrons) with energy E ranging from 0.089 to 1.454 MeV, γ rays (0.475 ≤ E ≤ 

1.168 MeV) and the transmutation of Cs to stable Ba  [122,123]: 
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In Figure 15 are shown the disintegration schemes of the main radioactive 

isotopes (135Cs, 137Cs) that will be present in waste forms during disposal. The 

energy of β-particles will not exceed 1.176 MeV and 95% of them will have 

energy of 0.514 MeV. γ-particles are only emitted by 137Cs with energy of 0.662 

MeV. 134Cs emitted β-particles with energy ranging from 0.089 to 1.454 MeV but 

its concentration will become negligible 10 years after spent fuel discharge in 

comparison with others radioactive Cs isotopes [124].  

Therefore, Cs-host forms must be stable under (β,γ)-irradiation (i.e. its capacity to 

retain cesium in its structure must not be significantly affected by irradiation) and 

must accommodate the valence and ionic radius changes resulting from cesium 

decay to barium. As the energy of the recoiling Ba nuclei resulting from Cs β-

decay is very low (2-4.6 eV [125]) in comparison with that of actinides (α− 

recoil, 70-100 keV), it cannot involve atomic displacements and will be no more 

considered in this Chapter.  

Rubidium is also an alkali element (fission product) occurring in HLW solution 

but its concentration represents only about 10 wt.% of that of cesium (Table IV). 

However, Cs+ and Rb+ ions are co-extracted during the enhanced separation 

process by calixarene molecules [126] and if a conditioning matrix is selected for 

cesium this one must also accept rubidium in its structure. It must be underlined 

that, except for 87Rb (half-life 4.88.1010 years), all rubidium radioactive isotopes 

are (β,γ) emitters with very short half-life and will rapidly disappear before 

separation and conditioning. In HLW solutions, 87Rb and 85Rb (stable isotope) 

represent respectively 70.2 and 29.8 %.  
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As radioactive 87Rb will be co-extracted with cesium during enhanced separation 

process, it is interesting to consider its decays into non radioactive 87Sr during 

disposal:  
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Due to both the very long half-life and small concentration of 87Rb in HLW, only 

a very small quantity of strontium will be formed before all radioactive cesium 

will decay to barium. Nevertheless, when dealing with specific waste forms for Cs 

conditioning, it is also interesting to consider their capacity to accept both Rb+ 

and Sr2+ ions in their structure. 

 

IV.A.2.   Specific waste forms for cesium conditioning  

 

Literature indicates that different kinds of solid matrices were studied for 

radioactive cesium conditioning: silicate and phosphate glasses, single or 

multiphase ceramics. In this paragraph, we will review several examples of these 

potential cesium waste forms and different methods to prepare them. The 

possibility to immobilize cesium in glass-ceramics will be also envisaged. For all 

these matrices, the criteria used to select the more suitable waste form for cesium 

immobilization were generally: synthesis possible in air without hot pressing, 

very low Cs vaporization during heat treatments, lack of Cs-rich parasitic phases 

of low durability and very low leach rates.   

 

IV.A.2.a   Glass and glass-ceramic matrices for cesium conditioning 

Currently, after nuclear spent fuel reprocessing, radioactive cesium is 

incorporated in the structure of borosilicate glasses such as the R7T7 glass. In the 

glass structure, Cs+ ions (as other alkali ions such as Li+, Na+ and Rb+) can act as 

network modifier in the borosilicate network or as charge compensator near 

tetrahedral BO4
- or AlO4

- units for instance (Figure 8). The R7T7 glass contains 

about 1.3 wt% Cs2O and is melted in a metallic melter (AVH process, Figure 6) 

at 1150°C [28]. However, the possibility to prepare nuclear glasses at higher 

temperature in CCM enables to envisage glass compositions with higher 

refractory character than borosilicate nuclear glasses (and thus also more leach 
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resistant) to immobilize Cs. In this context, Bart et al. [127] synthesized different 

aluminosilicate glasses at temperatures between 1400 and 1600°C containing 

from 3 to 10 wt% Cs2O. To increase chemical durability, neither Na2O nor B2O3 

were introduced in these glasses. This lack of fluxing agents was responsible for 

their high melting temperature. It appeared that the relative Cs2O losses were 

always less than 5 wt%. Moreover, almost all glasses were homogeneous and a 

ten-fold improvement in leach rates over current borosilicate nuclear glasses was 

observed. In spite of these good results, the improvement of chemical durability 

of these glasses in comparison with that of current nuclear glasses was not 

considered high enough to retain them as potential specific waste forms for 

cesium. In another context, iron phosphate glasses that can be melted at lower 

temperature (950°C) than current nuclear borosilicate glasses were envisaged to 

incorporate radioactive cesium chloride in USA [128]. Even if very little cesium 

volatilized during melting of these phosphate glasses, the improvement of leach 

resistance was only about one tenth of that of borosilicate glasses. 

 Because of the capacity of pollucite (CsAlSi2O6) crystals to incorporate cesium 

and the good chemical resistance of this phase (see §IV.A.2.b), glass-ceramic 

waste forms containing pollucite crystals in their bulk formed by controlled 

crystallization of a parent glass may appear as good candidates for Cs 

conditioning (concept of double containment barrier, Figure 11). Indeed, it was 

shown that pollucite-based aluminosilicate glass-ceramics could be prepared after 

melting at very high temperature (1850-1900°C in a gas-fired furnace and 

rhodium crucibles) glasses belonging to the SiO2-Al 2O3-Cs2O system [87,129]. 

Losses of cesium ranging from 5 to more than 20% were observed after melting. 

After quenching and controlled crystallization of glass, pollucite crystals were 

formed coexisting with mullite (Al6Si2O13) crystals and residual glass. Such glass-

ceramics that were initially envisaged for applications associated with their high 

refractoriness and their relatively low thermal expansion exhibit also good 

chemical durability [87,129]. Cesium ions incorporated into the pollucite crystals 

of the glass-ceramic benefit from a double containment barrier. Unfortunately, no 

information was given in literature about the amount of cesium remaining in the 

residual glassy phase. However, due to the very high melting temperature of 

parent glass and Cs vaporization occurring during melting, such glass-ceramic 

cannot be considered as good candidate for Cs immobilization.  
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IV.A.2.b   Crystalline matrices for cesium conditioning 

Different kinds of ceramic matrices (silicates, phosphates, titanates) were studied 

in literature as specific waste forms for Cs immobilization such as: pollucite 

(CsAlSi2O6) [130], CsZP (CsZr2(PO4)3) [131], Synroc-type barium hollandite 

(BaxCsy(Ti,Al) 3+
2x+yTi4+

8-2x-yO16 (x+y<2)) [115] and iron-rich barium hollandite 

(BaxCsy(Fe,Al)3+
2x+yTi4+

8-2x-yO16 (x+y<2)) [79]. Other matrices such as phosphate 

apatites or rhabdophane (CaCsNd(PO4)2) were also tested for their capacity to 

incorporate cesium but difficulties were encountered to obtain single phase 

samples [121]. Considering both the possibility to prepare well densified 

hollandite samples, the ability of this matrix to incorporate Cs+, Ba2+and Rb+ and 

Sr2+ ions [132,133,134] and the occurrence of Ti4+ ions in the structure that can 

act as electron traps during β-decay (Ti4+ + e-(β-) → Ti3+), hollandite-type 

matrices appear today as the best candidates for cesium immobilization in 

comparison with silicate and phosphate ceramic matrices. Indeed, even if 

pollucite is an aluminosilisicate phase with high refractory character (melting 

point > 1900°C) that can accommodate more than 40 wt% Cs into its structure 

and exhibits good chemical durability [135], it was difficult to obtain single phase 

pollucite ceramic samples with high density [136]. Moreover, other cesium 

aluminosilicate secondary phases such as CsAlSiO4 which is poorly durable can 

formed during synthesis and coexist with pollucite in ceramics. Contrary to 

hollandite, none of the cations of pollucite (Al3+, Si4+) can act as efficient electron 

trap during β-decay. Concerning CZP, for which only a small number of studies 

were performed, a fraction of Zr4+ ions can probably be reduced to Zr3+ ions under 

β-decay but the ability of this matrix to incorporate Ba2+ ions was not 

demonstrated to the best of our knowledge.  

 

IV.A.3. BaxCsy(M,Ti) 8O16 hollandite ceramic as waste form for Cs 

immobilization 

 

IV.A.3.a General characteristics of hollandite 
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Historically, (Ba,Al)-hollandite22 (nominally BaAl2Ti6O16) was initially envisaged 

as one of the four main crystalline phases in the Synroc-C ceramic (Table VIII ). 

To control the redox state of multivalent elements (Ti, Mo…) during Synroc 

synthesis, a small quantity of titanium metal was added to the mixture before hot 

pressing [116]. This induced the partial reduction of Ti4+ ions into Ti3+ ions which 

facilitates -by substituting partially Al3+ ions- the incorporation of Cs+ ions into 

the tunnels of the hollandite structure [137] (see §IV.A.3.b). Indeed, because of 

the small size of Al3+ ions, it is very difficult to incorporate significant amounts of 

cesium in the hollandite structure without partially reducing titanium. After partial 

reduction of titanium and cesium incorporation, the Synroc (Ba,Cs,Al)-hollandite 

has the following composition: BaxCsy(Ti,Al) 3+
2x+yTi4+

8-2x-yO16 (x+y<2) [138]. 

Chemical durability tests performed on single phase Synroc-hollandite showed its 

very good resistance to water attack over the pH range 2-13 [113]. 

Recently, in France, in the context of enhanced separation and specific 

immobilization of radioactive cesium, an iron-rich and single phase 

(Ba,Cs,Al+Fe)-hollandite BaxCsy(Fe,Al)3+
2x+yTi4+

8-2x-yO16 ceramic with x = 1 and 

y = 0.28 that could be easily prepared under air (calcination at 1000°C and natural 

sintering at 1250°C) by an alkoxide route, was proposed by CEA as specific 

waste form for radioactive cesium immobilization [79]. No Cs vaporization was 

noticed during synthesis of this hollandite composition and the amount of Cs2O 

incorporated (5 wt%) was chosen to limit the temperature in the bulk of the waste 

form during storage and disposal. By introducing iron in hollandite composition, 

it was not necessary to prepare the samples under reducing conditions contrary to 

Synroc-hollandite. After sintering under air, iron ions occurred mainly as Fe3+ 

ions in hollandite as shown by Mössbauer spectroscopy [120,139]. As ferric ions 

have ionic radius only slightly smaller than Ti3+ ions, they would also facilitate 

Cs+ ions incorporation in the tunnels of the structure (see §IV.A.3.b). Static 

alteration tests by water showed that the chemical durability of 

BaxCsy(Fe,Al)3+
2x+yTi4+

8-2x-yO16 hollandite was as good as that of Synroc-

hollandite [79] and was about two orders of magnitude higher than that of 

borosilicate nuclear glasses [140]. The alteration mechanism of hollandite begins 

with an initial release of cesium and barium followed by a severe drop of the 

                                                           
22 In this chapter, we will refer BaxCsyM

3+
2x+yTi4+

8-2x-yO16 hollandite samples as (Ba,Cs,M)-
hollandite. 
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alteration rate (8.10-5g.m-2.day-1 at 90°C under static conditions) [140].  

Moreover, recent calorimetric measurements performed on 

Ba1.00Cs0.28Fe0.82Al 1.46Ti5.72O16 hollandite ceramic showed that its thermodynamic 

stability was of the same order as that of rutile, which indicates the good stability 

of (Ba,Cs,Al+Fe)-hollandite [141]. Several studies were also performed recently 

by ANSTO on (Ba,Cs,M)-hollandites (with M=Fe, Mn…), prepared either by 

alkoxide route or by melting [142,143]. 

 

IV.A.3.b Structure of  BaxCsy(M,Ti) 8O16 hollandite 

Natural hollandite has the formula BaMn8O16 where manganese can occur under 

various oxidation states (Mn2+, Mn3+, Mn4+). However, there are a lot of structural 

isotypes, including titanate hollandites BaxCsy(M,Ti)8O16 (x+y<2) in which Mn of 

natural hollandite is replaced by M + Ti. In our studies (§IV.A.3.c2.), M was a 

trivalent cation or a mixture of different cations (Al3+ + Fe3+ for instance). The 

BaxCsy(M,Ti)8O16 type structure is shown in Figure 16. Approximately square 

tunnels running parallel to the short axis of the structure are enclosed by columns 

of two edge-sharing octahedra which then share corners. The Ti and M cations are 

located in these octahedral sites (site B). The big Ba2+ and Cs+ cations (Table XII  

[144]) are set in the tunnels in box-shaped cavities of eight oxygen ions (site A). 

In spite of the relatively open-framework-type structure of (Ba,Cs,M)-hollandite, 

Ba2+ and Cs+ ions have to overcome a large energy barrier associated with passing 

trough the square planar arrangement of oxygen ions to migrate along the axis of 

the tunnels and these compounds appeared as very bad ionic conductors [120]. 

Thus, the large cations are well immobilized in hollandite tunnels. Hollandite cell 

symmetry may be tetragonal (I4/m space group) or monoclinic (I2/m space 

group). This mainly depends on the relative values of the radius of cations in sites 

A (rA) and B (rB) (rA and rB being respectively the average ionic radii of (Ba2+, 

Cs+) cations in site A and (M3+, Ti4+) cations in site B) [116,145]. Between these 

two symmetries, the cross-section of the tunnels changes from approximately 

square in shape (tetragonal cell) to a rhombus shape (monoclinic cell). The M3+ 

cations in site B insured the charge compensation of the positive charge excess in 

the tunnels due to Cs+ and Ba2+ cations. In tetragonal hollandites, all octahedral 

sites B are identical whereas in monoclinic hollandites two different types of sites 

B can be distinguished [138]. Theoretically, a maximum of two (Ba2+ + Cs+) 
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cations per formula unit (i.e. x+y=2) can be incorporated in the hollandite 

structure. However, it is only for small univalent cations (such as K+) that the 

box-shaped cavities (site A) in the tunnels of hollandite can be all occupied 

(K2(Al2Ti6)O16) [133]. For hollandites containing only Ba2+ ions (y = 0) or a 

mixture of Ba2+ and Cs+ ions, tunnels are only partially occupied (x+y<2) because 

vacant sites are necessary to accommodate both repulsion between Ba2+ ions and 

local distortions that occurred after incorporation of big Cs+ ions. Moreover, 

studies performed on various compositions showed that stable hollandite existed 

only for x+y>1 [132]. Indeed, for each hollandite there is a lower limit of (x + y) 

below which the intended composition cannot be obtained as a single phase. For 

instance, according to Zandbergen et al. [132], Bax(Al,Ti) 8O16 hollandite can be 

obtained as a single phase only for 1.16<x<1.28.  

Concerning cations M in site B, it was shown that their size had a strong effect on 

the average (M,Ti)-O distance d, the cell volume V and the box-shaped cavities 

(site A) volume Vc as d, V and Vc increase with cation M radius [116]. The size of 

tunnel walls of hollandite is mainly controlled by cations in site B and not by 

cations in site A. This explains why partial reduction of titanium ions in Synroc-

hollandite or partial substitution of Al3+ ions by bigger ions such as Fe3+ (Table 

XII ) facilitates cesium incorporation into the tunnels and thus avoids the 

formation of parasitic phases with low chemical durability such as CsAlTiO4 

[137]. The occurrence of this phase can be detected directly by EDX23 on SEM24 

images or by 133Cs MAS-NMR for hollandite ceramics with low concentration of 

paramagnetic species (such as Fe3+, Cr3+, Ti3+ ions)25 [146]. As 133Cs MAS NMR 

(100% natural abundance, I=7/2) spectra are sensitive to Cs+ ion environment in 

materials, they can give the number of different Cs environments in hollandite 

ceramics. By comparison with Cs-rich references (such as CsAlTiO4), signals 

position (chemical shift) gives information about the nature of the phases in which 

Cs+ ions are located (hollandite or parasitic phases) [146,118]. 

Depending on hollandite composition and more particularly on the nature of the 

M3+ cations in site B, the vacant sites and cations (Ba2+, Cs+) in the tunnels may 

take up an ordered arrangement (superlattice ordering) [116,147]. This ordering is 

                                                           
23 Energy Dispersive X-ray analysis 
24 Scanning Electron Microscopy 
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at the origin of several broad and low intensity extra-lines (superlattice lines) 

observed at low angles on the XRD patterns (see Figure 18 in §IV.A.3.c2.) of 

hollandite at angular positions incommensurate with hollandite cell [148,149]. A 

XRD study performed on Ba1.16Al2.32Ti5.68O2 and Ba1.32Al0.96Fe1.28Ti5.66O16 single 

crystals prepared by a flux method in our laboratories26, revealed diffraction 

patterns of a one-dimensional modulated incommensurate structure along the 

tunnels direction and confirmed that the XRD extra-lines were due to the ordering 

of barium ions and vacancies in the tunnels [120]. These lines can be indexed in 

the I4/m(00γ)00 super space group. This ordering may extend between adjacent 

tunnels (lateral correlation) and was shown to depend both on the size of cations 

M in site B and on the amount of barium cations in the tunnels (occupancy level) 

[116,150,151]. The size of ordered domains increases with the size of M. A 

tentative of explanation of the dependence of ordering in tunnels with the nature 

of cations M was proposed by Kesson et al.[134] using both structural and 

electrostatic screening considerations. Comparison of the diffuse superlattice 

spots on electron diffraction patterns of Ba1.16Al2.32Ti5.68O16 and 

Ba1.16Fe2.32Ti5.68O16 ceramics confirmed that substitution of aluminum by iron 

ions in site B of hollandite led to larger ordered domains [118,120]. 

 

IV.A.3.c Synthesis of BaxCsy(M,Ti) 8O16 hollandite ceramics  

 

IV.A.3.c.1. Synthesis of hollandite by alkoxide route and by melting 

 

Most of papers reported the preparation of single phase BaxCsy(M,Al) 3+
2x+yTi4+

8-

2x-yO16 hollandites with M3+ = Ti3+ [115,152] or M3+ = Fe3+ [79] by alkoxide route 

using alkoxide, nitrate or acetate precursors in solution before drying, calcination 

and sintering as in the Synroc preparation method. This is the method generally 

                                                                                                                                                               
25 High concentration of species with electronic spin S ≠ 0 generally leads to a strong broadening 
and/or a displacement of NMR signals (see for example [146] in the case of high concentration of 
paramagnetic Ti3+ ions in hollandite).  
26 Ba1.16Al2.32Ti5.68O2 and Ba1.32Al 0.96Fe1.28Ti5.66O16 single crystals were prepared by melting at 
1400°C and slow cooling (12°C/h from 1400 to 900°C and 240°C/h from 900°C to room 
temperature) of 0.47BaF2 + 0.53B2O3 flux containing 40 wt% of raw materials (oxides, 
carbonates) in the stoichiometric proportions of hollandite. Hollandite crystals were then extracted 
by dissolution of flux in hot acidified (HCl) water. Hollandite crystals have a needle shape (several 
mm length) with c axis along this direction. Attempts performed to prepared hollandite single 
crystals with cesium were unsuccessful probably because of cesium vaporization from the melt 
during melting and cooling, or because of an insignificant partitioning ratio of Cs+ ions between 
the crystals and the borate melt during crystallization. 
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used by ANSTO and CEA to prepare single-phase hollandite or hollandite-rich 

ceramic samples for Cs immobilization. For instance, Bart et al.[79] mixed 

aluminum sec-butoxide and titanium isopropoxide in ethanol with barium, ferrous 

and cesium nitrates dissolved in water. After stirring, drying, calcination 

(1000°C), planetary ball milling and pressing, the samples were sintered at 

1250°C in air and retained all the cesium (5 wt% Cs2O) in hollandite structure. 

Difficulties were reported by Carter et al. [142] to prepare by melting both single 

phase hollandite and Synroc ceramics with Cs without the presence of the low 

durability parasitic phase CsAlTiO4. However, they were able to synthesize 

hollandite-rich Synroc waste forms with about 7.5 wt% Cs2O and different metals 

(Cr, Ni, Zn, Co, Fe…) in the site B of hollandite by melting in air (1450-1550°C 

in Pt crucibles) calcined precursors prepared by alkoxide route [143,143]. Their 

ceramics contained hollandite (sometimes more than 60 wt%) with zirconolite, 

perovskite and rutile. For several compositions, Cs entered only the hollandite 

with little loss during synthesis. For these compositions, chemical durability tests 

showed that Cs leachate concentration was two orders of magnitude lower than 

alkali leachate concentrations for a reference borosilicate glass. 

 

IV.A.3.c2. Synthesis and characterization of hollandite by oxide route 

In the study we performed on hollandite waste forms, we tried to prepare single 

phase (Ba,M)- and (Ba,Cs,M)-hollandite samples by oxide route using oxide, 

carbonate and nitrate powders without dissolving the reactants before heat 

treatments (natural sintering in air). We studied the effect of trivalent cation M 

(Al3+, Cr3+, Ga3+, Fe3+, Sc3+ of increasing size, Table XII ) on the ease of 

preparation of single phase ceramics and on cesium retention during synthesis. 

Reagent-grade oxide, carbonate and nitrate powders (Al2O3, TiO2, BaCO3, Cr2O3, 

Fe2O3, Ga2O3, Sc2O3, CsNO3) were used for preparation. By increasing the size of 

cation M in octahedral sites of hollandite, the aim was to increase the section of 

the tunnels in order to facilitate the entry of cesium into hollandite structure 

(Figure 16). In order to increase the reactivity of the powders, the mixture was 

ground by attrition milling after calcination and before natural sintering in air 

(Figure 17). Attrition enables to reduce the particle size of precursor to less than 

1 µm. Indeed, after attrition, the mean particle size of our powders mixture was 

about 0.5 µm as determined with the help of a laser granulometer. To reduce the 
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risks of cesium vaporization during the sintering of pellets (pressed at 30 MPa), 

the temperature and duration were reduced to respectively 1200°C and 30h. Using 

these sintering conditions, dense samples were obtained only if the calcined 

precursors were previously finely ground by attrition (Figure 17). The main 

results we obtained concerning the effect of cation M on hollandite ceramics 

microstructure, structure and composition are given below, for more details see 

[117,118,120]. 

We first tried to prepare single phase Bax(M,Ti)8O16 hollandite ceramics without 

cesium for x=1.1627 for all the cations M (Ba1.16
2+(M2.32

3+Ti5.68
4+)O16). For each 

single phase (Ba,M)-hollandite sample, we then tried to prepare single phase 

(Ba,Cs,M)-hollandite samples with cesium (Ba1.04Cs0.24(M2.32Ti5.68)O16), keeping 

the same amount of cations M as in (Ba,M)-hollandites (i.e. 2.32 per formula 

unit). For charge compensation reasons, it was necessary to increase the total 

amount of cations in the tunnels. Mixed hollandite ceramics with M3+ = Al3+ + 

Ga3+ and M3+ = Al3+ + Fe3+ were also prepared. 

For M3+=Al3+, Cr3+, Ga3+ and Fe3+, single phase Ba1.16M2.32Ti5.68O16 hollandite 

ceramics with tetragonal structure were obtained by oxide route. Mixed hollandite 

ceramics Ba1.28Al1.64Ga0.92Ti5.44O16 and Ba1.28Al1.64Fe0.92Ti5.44O16 were also single 

phase with tetragonal structure. XRD patterns of Ba1.16M2.32Ti5.68O16 ceramics are 

shown in Figure 18. The corresponding lattice parameters and cell volume are 

given in Table XIII . In agreement with literature on hollandite structures [153], 

the lattice parameters of Ba1.16M2.32Ti5.68O16 hollandites increased linearly with 

the average radius rB of cations in site B (Figure 19). It is easy to understand that 

increase of lattice parameters leads to an increase of the size of the box-shaped 

cavities in tunnels (Figure 16) which is supposed to facilitate Cs incorporation in 

the structure. Only a small amount parasitic phase containing P, Ba, Si and O was 

detected by SEM in several samples (phase A, Figure 20). This phase was due to 

pollution and could be suppressed by changing raw materials and the nature of 

attrition balls (without Si). Contrary to Ba1.16Fe2.32Ti5.68O16 and 

Ba1.16Ga2.32Ti5.68O16 ceramics (Figure 20c,d), Ba1.16Al2.32Ti5.68O16 and 

Ba1.16Cr2.32Ti5.68O16 samples were badly densified after sintering at 1200°C 

(Figure 20a,b). This difference of densification can be explained by the high 

                                                           
27 The choice of x=1.16 for all the (Ba,M)-hollandite samples was made according to the 
boundaries of the single phase  domains of hollandite reported in literature [132]. 
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melting point of hollandites (Ba1.16Al2.32Ti5.68O16 1517°C, Ba1.16Cr2.32Ti5.68O16 

1650°C) and of the corresponding oxides (Al2O3 2054°C, Cr2O3 2330°C) [118]. 

Consequently, the occurrence of Al or Cr in hollandite composition slew down 

densification processes. The strongest effect was observed for chromium (Figure 

20b). For (Ba,Al+Fe)- and (Ba,Al+Ga)-hollandites, the introduction of Fe and Ga 

induced a decrease of ceramics porosity in comparison with Ba1.16Al2.32Ti5.68O1 

(pictures not shown). This result confirmed the positive effect of Fe2O3 and Ga2O3 

on densification. The ceramic sample prepared with Sc by oxide route at 1200°C 

was not single phase. This was probably due both to the high melting point of 

Sc2O3 (2485°C) and to the high radii difference between Ti4+ and Sc3+ ions in site 

B (Table  XII ) slowing down crystals organization during sintering [118].  

For M3+=Al3+, Cr3+ and Ga3+, (Ba,Cs,M)-hollandite ceramics retained only a 

fraction of Cs in their structure and were either multiphase and/or badly densified 

after sintering at 1200°C (Figure 20e,f). The composition of the hollandite 

samples determined by EPMA28 are given in Table XIII . The high refractory 

character of both Cr2O3 and (Ba,Cr)-hollandite and the small size of Al3+ ions 

(Table XII ) could explain the strong difficulties of Cs+ ions to enter into the 

(Ba,Al)- and (Ba,Cr)-hollandite tunnels. In this case, a high fraction of cesium 

evaporated during synthesis and disturbed densification. For instance, more than 

54% of cesium did not enter into the (Ba,Cs,Cr)-hollandite tunnels. For the 

(Ba,Cs,Ga)-hollandite sample, a Cs-rich parasitic phase (CsGaSi0.4Ti0.6O4) was 

detected both by SEM and 133Cs MAS NMR [118]. By analogy with CsAlTiO4, 

this phase exhibited probably low chemical durability against water. 

Consequently, the low densification of ceramics and/or the occurrence of low 

durability Cs-rich parasitic phases show that (Ba,Cs,M)-hollandite ceramics with 

M3+ = Al3+, Cr3+ and Ga3+, prepared by oxide route at 1200°C, are not suitable as 

waste forms for Cs. 

(Ba,Cs,Fe)-hollandite was shown to be dense and to retain all cesium in its 

structure (Table XIII ). Even if a significant amount of iron-rich secondary phase 

(Fe2TiO5) was detected (Figure 20g), the presence of this phase –that did not 

concentrate cesium- is not a problem for the use of (Ba,Cs,Fe)-hollandite ceramic 

as Cs waste form. Contrary to (Ba,Cs,M)-hollandite ceramics with Al, Cr or Ga, 

the introduction of cesium in (Ba,Cs,Fe)-hollandite had not strong effect on 

                                                           
28 Electron Probe Microanalysis 
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ceramic porosity. Thus, introduction of Fe2O3 in powders mixture and of Fe3+ ions 

in site B had favourable effects on densification and Cs incorporation processes. 

This can be explained both by the relatively low melting point of Fe2O3 (1565°C) 

and by the high size of Fe3+ ions in comparison with Al3+, Cr3+ and Ga3+ ions 

(Table XII ). The mixed (Ba,Cs,Al+Fe)-hollandite 

(Ba1.00Cs0.28Al1.46Fe0.82Ti5.72O16) prepared by oxide route was also shown to retain 

almost all cesium (~ 90%) but its porosity was higher (Figure 20h) than that of 

the (Ba,Cs,Fe)-hollandite sample. According both to the high retention of cesium, 

to the lack of Cs-rich parasitic phase of low lixiviation resistance and to their low 

porosity, the (Ba,Cs,Fe)- and (Ba,Cs,Al+Fe)-hollandite ceramics prepared by 

oxide route can thus be envisaged as good candidates for radioactive cesium 

immobilization. The oxide route with sintering at relatively low temperature 

(1200°C) can be thus envisaged as an alternative method to prepare hollandite 

waste form suitable for Cs immobilization. 

 

IV.A.3.d Local structure of BaxCsy(M,Ti) 8O16 hollandite  

The knowledge of the hollandite local structure before and after external electron 

irradiation (simulating β-decay of radioactive Cs) is an important element to 

evaluate its long term behavior as Cs waste form during storage and disposal. 

XRD studies performed on ceramics and single crystals gave only average local 

information on the interatomic distances and positions for sites A (occupied by 

Ba2+ and Cs+) and B (occupied by M3+ and Ti4+) in (Ba,Cs,M)-hollandite 

structure. According to XRD studies of the (Ba,Al)- and (Ba,Al+Fe)-hollandite 

single crystals prepared by flux method  (see §IV.A.3.b), the modulated structure 

along tunnels direction (corresponding to a modulation of the barium ions 

occupancy and position in site A) induced a high distribution of Ba2+ ions 

arrangement near the cations (Al3+,Fe3+) located in site B [120] . Thus, different 

kinds of local environments of cations in site B are expected due to variations of 

next nearest neighbors (barium ions and vacancies). To detect different 

environments for a given cation M, selective spectroscopic methods sensitive only 

to M must be used. In our case, 27Al MAS NMR and 57Fe Mössbauer 

spectroscopies were used to study the local structure around respectively Al3+ and 

Fe3+ ions in the octahedral site of hollandite (Figure 16).  
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27Al MAS-NMR was used to get information on the different kinds of 

environments of Al3+ ions in hollandite ceramics with or without Cs. For this 

study, performed in collaboration with T. Charpentier (CEA Saclay, France), 

Ba1.16Al2.32Ti5.68O16, Ba1.28Al1.64Ga0.92Ti5.44O16 and Ba1.00Cs0.28Al1.46Ga0.82Ti5.72O16 

prepared by oxide route were selected because of the lack of paramagnetic 

elements (such as Fe3+ions) in their composition [120]. 27Al (I=5/2, 100% natural 

abundance) is a quadrupolar nucleus widely studied by MAS-NMR in crystalline 

and glassy materials. In order to increase the resolution of MAS-NMR spectra to 

determine the number of nonequivalent sites occupied by Al3+ ions in hollandite, 

triple quantum MQ-MAS (Multiple Quantum MAS)-NMR spectroscopy [154] 

was used. The triple quantum MAS-NMR spectrum of Ba1.16Al2.32Ti5.68O16 

ceramic is shown in Figure 21a (isotropic dimension). At least three components 

corresponding to three different Al environments (referred as X, Y and Z on 

Figure 21a) were required to correctly simulate the spectrum. Whittle et al. [152] 

also observed at least two different Al environments by 27Al MQ-MAS-NMR for 

a (Ba,Cs,Al)-hollandite sample. In our case, the three components correspond to 

aluminum ions located in distorted octahedral sites (according to their isotropic 

chemical shifts and quadrupole coupling constants [155]) of hollandite structure 

but with three different kinds of local environment in spite the existence of only 

one kind of crystallographic octahedral site (site B) for tetragonal hollandite 

(Figure 16). These different environments are due to different numbers of barium 

and vacancies in the six next nearest positions of Al (Figure 22). Study of NMR 

spectra of hollandite samples with Ga and Cs (Figure 21b) enable to assign X, Y 

and Z Al environments as follows (Figure 22): one Ba and two vacancies as 

second neighbors (X), two Ba and one vacancy as second neighbors (Y), three Ba 

as second neighbors (Z). Moreover, Cs+ ions appeared to be preferentially located 

near the biggest cations in site B (Ga3+). This result is not surprising because 

tunnel section probably expands near big M cations and facilitates Cs+ 

incorporation. 

Hollandite samples with iron were studied by 57Fe Mössbauer spectroscopy (57Fe, 

I=1/2, natural abundance 2.119 %) in collaboration with F. Studer and N. Nguyen 

(CRISMAT, Caen, France). This technique [156] enables to extract information 

on the oxidation state and on the local structure around Fe in materials, after 

isotopic enrichment or acquisition for long times (several days for our samples). 
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An example of transmission spectrum for a Fe-rich hollandite 

(Ba1.16Fe2.32Ti5,68O16) showing a quadrupolar doublet with its simulation using 

two components corresponding to different iron environments (sites 1 and 2) is 

shown in Figure 23a. The corresponding hyperfine parameters are indicated in 

Table XIV . For the different hollandite samples studied (with or without Cs and 

Al), all isomer shifts were typical of Fe3+ ions (no Fe2+ ions were detected) and 

sites 1 and 2 were attributed to different arrangements of barium ions in tunnels in 

the close environment of iron [139]. According to the evolution of Mössbauer 

hyperfine parameters with hollandite composition [120], Fe3+ ions in site 2 would 

have three Ba2+ ions as nearest neighbors whereas Fe3+ in site 1 would have one 

or two Ba2+ ions in its neighborhood.  

 

IV.A.3.e Irradiation of Ba xCsy(M,Ti) 8O16 hollandite 

We saw in §IV.A.1 that the immobilization of radioactive Cs isotopes (mainly 
137Cs and 135Cs) involved the emission of β-particles and γ rays (Figure 15). 

Therefore, hollandite matrix envisaged as Cs-host form must be β− et γ− 

irradiation resistant (i.e. its good immobilization performances of radioactive Cs 

existing at the beginning of storage must not significantly decrease during storage 

and disposal). (Ba,Cs,M)-hollandite compositions with M = Fe or Fe + Al can be 

prepared easily (oxide route) and incorporate all cesium in hollandite structure. 

Moreover, these waste forms are able to accommodate the changes in chemistry 

resulting from Cs decay to Ba because of their high capacity to incorporate Ba2+ 

ions into their structure and because of the possibility of reduction of Ti4+ ions to 

insure charge balance. Nevertheless, β and γ resistance of hollandite was not yet 

proved. In the next paragraph, we will briefly review works than were published 

on hollandite irradiation. We will then present the main results we obtained 

concerning the effects of external electron irradiation on hollandite structure. The 

modification of local structure and the formation of paramagnetic defects 

(mechanism of formation, thermal stability) will be mainly presented.  

 

 

 

IV.A.3.e.1 Stability of hollandite under irradiation 
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Most of the crystalline matrices that can be envisaged for MA or Pu 

immobilization (zirconolite, zircon, apatite…) have very old natural analogues 

containing actinides (U, Th) indicating the very good ability of these matrices to 

retain α, γ radioactive elements for very long periods. For such waste forms, 

actinides decay is known to induce a high number of atomic displacements that 

may lead to total or partial amorphization of their structure. Moreover, an 

important number of studies concerning the effect of external irradiations by 

heavy ions (simulating α-decay) on their structure and chemical durability have 

been performed. However, due to the lack of natural analogues containing 

radioactive cesium, (Ba,Cs,M)-hollandite radiation resistance was not proved as 

yet. Indeed, natural analogues with hollandite structure such as priderite 

((K,Ba)x(Ti,Fe)8O16) [157] and henrymeyerite (Ba(Fe,Ti7)O16)
 [158] were not 

known to contain radioactive cesium. Moreover, to the best of our knowledge, the 

incorporation and the study of the effects of radioactive cesium in synthetic 

single-phase hollandite has not been already performed29. Finally, literature 

reports only external irradiation experiments that are not relevant to simulate the 

effects of cesium decay on hollandite long-term behavior [70,159]. Indeed, the 

stability under irradiation of hollandite ceramics was initially studied within the 

framework of the multiphase Synroc ceramics. These works mainly concerned the 

effects on hollandite of α-radiation due to actinides decay in zirconolite and 

perovskite adjacent phases [160]. For instance, fast neutron irradiation 

experiments were performed on single-phase Ba-hollandite [161] in order to 

simulate the irradiation effects occurring in Synroc and generated structural 

changes. The effect of ion-beam (Ar+ ions) irradiation was also studied [162]. The 

few works dealing with the stability of single-phase (Ba,Cs,M)-hollandite under 

external electron irradiation, used to simulate the β-irradiation of cesium, were 

performed with intense electron irradiation in transmission electron microscopes. 

In this case, strong structural evolutions were observed such as the hollandite → 

rutile transformation [134] by loss of tunnel cations, and microtwinning followed 

by amorphization [159]. 

                                                           
29 For pollucite (CsAlSi2O6, see §IV.A.2a), different experiments were reported in literature by 
incorporating radioactive cesium in its structure. Only small structural and chemical durability 
variations were observed after several years of storage [130,135].   
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However it must be underlined that the electron dose rate caused by β self-

irradiation in the radioactive Cs waste forms will be low in comparison with the 

electron dose rate received in electron microscopes. Thus, the latter overestimates 

the real effects of Cs decay. To the best of our knowledge, no results concerning 

the nature and the concentration of point defects formed either by β or γ external-

irradiation of hollandite have been reported in literature. Such studies were 

neglected in the case of HLW immobilization compare to α-irradiation which 

produces a high number of atomic displacements and the effect of β-irradiation 

due to radioactive Cs was often considered as negligible in hollandite but this was 

not studied carefully.   

 In the next paragraph, our main results concerning the effects of external 

electron and γ-irradiations simulating Cs β-decay on single phase hollandite 

samples (ceramic and single crystal) will be presented.  

 

IV.A.3.e2 External irradiation of (Ba,Al)-hollandite 

 

Our study mainly focused on a simple (Ba,Al)-hollandite composition 

(Ba1.16Al2.32Ti5.68O16) for external electron irradiation experiments in order to 

easily allow the observation of irradiation-induced paramagnetic defects by EPR 

without be disturbed by high amounts of preexisting paramagnetic species. 

Nevertheless, few results concerning hollandite compositions with high amounts 

of paramagnetic ions (M3+ = Fe3+, Cr3+) will be briefly given at the end of this 

paragraph. As Cs entered with difficulties into (Ba,Al)-hollandite it was decided 

to mainly study composition without cesium, only few remarks concerning the 

effect of Cs+ ions on the paramagnetic defects induced by irradiation will be given 

in §IV.A.6.c.  

 

IV.A.3.e.2.a. External irradiation conditions and characterization of irradiated 

hollandite 
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External electron irradiations (1.0, 1.5 and 2.5 MeV)30 with a Van de Graaff 

accelerator were used to simulate the β-particles and Compton electrons generated 

by γ rays emitted by radioactive cesium. Indeed, considerations about γ-particles 

interaction with hollandite showed that it was dominated by Compton effect [163] 

and that the 0.662 MeV γ rays emitted by 137Cs (Figure 15) produced Compton 

electrons with energies E ≤ 0.477 MeV [120]. Consequently, these Compton 

electrons have energies of the same order as that of β-particles (0.2-0.5 MeV, 

Figure 15.) emitted by radioactive cesium and will generate the same defects as 

β-particles in hollandite. Nevertheless, several external γ-irradiation tests were 

performed with the help of a 137Cs source (0.662 MeV, Figure 15). (Ba,Al)-

hollandite ceramic and single crystals31 samples 0.5-1 mm thick samples were 

irradiated at almost room temperature (T<50°C). The sample thickness was 

chosen so that electrons go through the sample. The samples were subjected to 

different electron fluences (quantity of incident electrons per cm2) between 

3.4×1017 cm-2 to 1.2×1019 cm-2 with 1.0 to 2.5 MeV electron energies, giving 

absorbed doses in the 1.4×108 - 7.5×109 Gy range. The maximal fluence (7.5×109 

Gy) corresponds approximately to 30 years of storage when 5 wt% Cs2O 

(recovered from the reprocessing of spent fuel) are incorporated in hollandite 

(Figure 24). At the beginning of Cs waste form disposal, the energy of β-particles 

will be mainly around 0.5 MeV (137Cs) during several tens years (Figure 15). The 

energy of β-particles will be then of 0.2 MeV (135Cs). It must be underlined that 

during external electron irradiation experiments, the dose rate ranged between 

26.106 and 75.106 Gy.h-1 whereas during disposal of Cs waste form, it will be at 

the beginning of 105 Gy.h-1 and then 3.103 Gy.h-1 after one century. These dose 

rate differences may induce defects accumulation in our samples that will not 

occur during disposal but this phenomenon is difficult to evaluate.  

It is important to note that two other important differences exist between our 

irradiation experimental conditions and the actual conditions in hollandite waste 

forms containing radioactive cesium. First, electrons fly through the sample to 

avoid charge accumulation in hollandite for external irradiation conditions, and 

                                                           
30 Electrons with energy lower than 1 MeV were not available with the Van de Graaff accelerator 
used for this study. Thus, the energy of electrons used in our work was higher than the one of the 
majority of β particles emitted by 137Cs and 135Cs (Figure 15). 
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thus electrons are not finally trapped by the hollandite host. Consequently, these 

experiments reproduce only the effect of β-particles and of Compton electrons 

(produced by γ-rays) emitted by Cs along their path in the hollandite structure, 

and do not simulate the effect of electron capture nor Cs transmutation to Ba. 

Secondly, all our experiments were performed at room temperature. However, 

because of the high thermal power of 137Cs and 134Cs isotopes (Table X), the 

temperature in the bulk of hollandite ceramics could reach 300 °C during the first 

years of storage for a 5 wt% loading of Cs2O. 

The influence of irradiation conditions on the nature and on the concentration of 

point defects (electron and hole centers) in hollandite was estimated by EPR (X 

band (9.5 GHz), temperature range 9-300 K). For more details concerning EPR 

techniques and theory see for instance [164]. Moreover, XRD, electron 

diffraction, 27Al MAS NMR and 57Fe Mössbauer (for hollandite samples 

containing iron which cannot be studied by EPR) experiments were performed 

before and after irradiation in order to monitor structural evolution.  

 

IV.A.3.e.2.b. Effects expected on hollandite of electron external irradiations  

 

β-particles with energy in the MeV range can impart energy to hollandite matrix 

through elastic and inelastic interactions. Along their path through hollandite 

samples, electrons will generate ionisations and electronic excitations but few 

atomic displacements. Indeed, due to the small mass of the electron, the energy 

transferred by ballistic collisions is quite small but could be even sufficient to 

cause subsequent atomic displacements, notably of light elements. Nevertheless, it 

is possible to induce displacements of the heavy ions in a two-steps process 

involving collisions with these displaced light elements. Damage depends on the 

mass and the threshold displacement energy Ed of each ion, currently unknown 

for hollandite. For instance, Figure 25 shows that the value of energy of electron 

(1.0-2.5 MeV in this study) has a strong effect on the probability of Ba 

displacement in hollandite (whatever may be Ed(Ba) the threshold displacement 

energy of Ba) whereas the probability of oxygen displacement is not so much 

affected by the variation of electron energy. It is interesting to notice from Figure 

                                                                                                                                                               
31 (Ba,Al)-hollandite single crystals prepared by flux method (composition Ba1.23Al2.04Ti5.85016 as 
determined by EPMA) were irradiated in order to help the identification of the paramagnetic 
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25 that for electron with energy E=0.5 MeV (which corresponds to β-particles 

emitted by 137Cs), Ba will be not displaced whereas oxygen can be displaced (look 

the vertical lines in Figure 25). On the other hand, as electron irradiations imply 

mainly electronic excitations, the creation of electron and hole centers, resulting 

from the trapping of the produced electron-hole pairs, is expected (Figure 26). 

These created defects have respectively the same nature as the bottom of the 

conduction band (CB) formed by titanium orbitals (3d) or as the top of the 

valence band (VB), comprised of oxygen orbitals (2p) with antibonding O-O 

character [120]. The character of these bands (CB and VB) was determined from 

the hollandite electronic band structure calculated by the Hückel tight-binding 

method (Figure 27) [120]. Therefore, it is expected that electron centers would be 

Ti3+ ions (after electron trapping by Ti4+ ions) and hole centers would be of O- or 

O2
n- (n < 4) type (after hole(s) trapping by oxygen ions). 

 

IV.A.3.e.2.c. Effect of external electron irradiation on hollandite 

Comparison of XRD patterns of Ba1.16Al 2.32Ti5.68O16 hollandite before and after 

electron irradiation is shown in Figure 28. It appeared that XRD line width only 

slightly increased after irradiation which indicates only a small increase of 

disorder in hollandite structure. Moreover, no significant evolution of Raman 

spectra (not shown) was observed after irradiation which shows that bonding was 

not affected by irradiation. Nevertheless, an increase of disorder in tunnels was 

put in evidence by electron diffraction and high resolution transmission electron 

microscopy (decrease of barium ions-vacancies ordering) showing that Ba2+ ions 

were displaced under electron irradiation [120]. Comparison of MAS NMR 

spectra of Ba1.16Al 2.32Ti5.68O16 hollandite before and after electron irradiation 

(spectra not shown) indicated that no significant evolution was observed 

concerning the relative proportions of sites X, Y and Z (Figure 21a) [155]. This 

indicated that the arrangement of Ba2+ ions around Al3+ ions was not significantly 

modified after irradiation in spite of Ba2+ ions displacement in tunnels. However, 

Figure 29 shows the appearance of a weak signal around + 45 ppm after 

irradiation corresponding to the chemical shift of Al in 5-fold coordination. 

Consequently, oxygen vacancies have been produced by electron irradiation 

because of all Al was 6-fold coordinated before irradiation. 17O MAS NMR 

                                                                                                                                                               
defects induced after electron irradiation of ceramics. 
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(I=5/2, natural abundance 0.037 %) of a Ba1.16Al2.32Ti5.68O16 sample32 confirmed 

that the oxygen lattice of hollandite was affected by electron irradiation [120]. For 

the iron-rich hollandite Ba1.16Fe2.32Ti5.68O16, the evolution of Mössbauer spectra 

after electron irradiation is shown in Figure 23b and Table XIV . After irradiation 

a new Fe site (site 3) was observed and the relative proportions of sites 1 and 2 

changed. However, partial reduction of Fe3+ in Fe2+ under electron irradiation did 

not occur within the Mössbauer sensitivity scale. Site 3 was identified as Fe in 5-

fold coordination because of its hyperfine parameters [120,139]. This indicated 

oxygen displacement around Fe (initially all Fe3+ ions were in octahedral sites). 

The evolution of relative proportions of sites 1 and 2 was attributed to atomic 

displacement of Ba2+ ions in tunnels [120].  

Figure 30 shows the EPR spectra of pristine and electron irradiated 

Ba1.16Al2.32Ti5.68O16 hollandite samples for different fluences (electron energy of 1 

MeV)33. Three signals (Tr, E1, E2) corresponding to three kinds of paramagnetic 

point defects are induced by irradiation. Other defects (diamagnetic) may also be 

induced by irradiation but cannot be detected by EPR. Such diamagnetic centers 

are probably formed because the sum of electron centers concentrations was 

higher than the hole centers concentrations. The same paramagnetic defects (Tr, 

E1, E2) were generated in hollandite after γ-irradiation but with significantly 

smaller concentrations. According to their magnetic field position on EPR spectra 

(Figure 30) and corresponding g factor, E1 and E2 signals were attributed to 

electron centers (g<ge) and Tr signal to hole centers (g>ge)
34. Intensities of all 

these signals increase with increasing fluence without saturation at least up to 1.4 

                                                           
32 This sample was prepared by oxide route with 17O enriched TiO2 as raw material and sintered 
under nitrogen to avoid 16O-17O exchange with air oxygen. 
33 EPR concerns transitions between spin sublevels of paramagnetic centers, arising from the 
superposition of an external high magnetic field B. The resonance which gives rise to EPR signals 
occurs when hν=gβB, where h is the Planck’s constant, ν the microwave frequency, g the g-factor 
(for a free electron, g=ge=2.0023), β the electron Bohr Magneton. The signal position for a given 
magnetic field B defines the g factor (without unit) characteristic of the paramagnetic center. 
However, because of the local structural anisotropy of paramagnetic centers in crystalline 
structure, the EPR signal position also depends on the orientation of the crystals of the ceramic 
with respect to B direction. For a low symmetry center, instead of an isotropic g-factor, the 
spectrum will be described by a (gx, gy, gz) tensor (x, y and z corresponding to its eigen directions 
that are not necessary correlated with crystallographic axis). The spectrum of ceramic samples 
results from the sum of the signals of all the crystallites oriented in every direction. Due to the 
short spin-lattice relaxation time of several of the paramagnetic centers induced in hollandite, EPR 
spectra were recorded at low temperature to enable their detection. For instance, E1 signal was 
detectable up to room temperature whereas E2 signal vanished above 170 K.  
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1019 cm-2 but their relative intensities depend on fluence (relative intensity of 

signal E2 grows notably with fluence) and electron energy [120]. An increase of 

the intensity of E2 signal with electron energy was observed in comparison with 

that of E1 and Tr centers. This indicated that the formation of E2 center was related 

to Ba displacements upon electron irradiation according to the evolution of the 

calculated probability of atomic displacement with electron energy (Figure 25). 

In order to assign all these signals, experimental spectra were simulated to extract 

their corresponding (gx, gy, gz) tensors and their lineshape and intensity evolution 

was monitored upon variations of experimental parameters (temperature, incident 

microwave power…). Centers concentrations were also quantified. The 

simulation of E1 and E2 signals is shown in Figure 31 and simulation parameters 

of E1, E2 and Tr centers are given in Table XV. Tr signal can be simulated by the 

superposition of at least three individual spectra representing three hole centers of 

the same type. According to the calculated hollandite electronic band structure 

(Figure 27), it is expected that electron centers are Ti3+ ions (after electron 

trapping by Ti4+ ions) and hole centers are of O- or O2
n- (n < 4) type (after hole(s) 

trapping by oxygen ions). The details of identification of the different 

paramagnetic centers are given in [155,120] and will be only briefly summarized 

below.  

According to the value of their g tensors, hole centers (Tr signal) cannot be 

assigned to O- type centers but rather to superoxide O2
- centers in at least three 

different type of environments. These different environments were tentatively 

attributed to O2
- centers close to cations of different charges (Ba2+, Al3+ or Ti4+) in 

hollandite. Electron centers E1 and E2 were attributed to Ti3+ formed in the bulk of 

hollandite but with different local environments. E2 center has an axial symmetry 

with the axial component of crystal field parallel to the crystallographic c axis of 

hollandite as shown by EPR study of an irradiated single crystal. On the contrary, 

E1 center is located in a more distorted environment and probably originates from 

oxygen displacement during irradiation (the occurrence of oxygen displacement 

in hollandite was shown by 27Al MAS NMR and 57Fe Mössbauer spectroscopy, 

see §IV.A.3.e.2.c). E1 center was attributed to an electron trapped by a T4+ ion 

adjacent to an oxygen vacancy (Ti3+ in five-fold coordination). E2 center probably 

                                                                                                                                                               
34 Electron centers are formed by electron trapping (for instance, Ti4+ (3d0) → Ti3+ (3d1)). Hole 
centers result from hole trapping (for instance, O2- (2p6) → O- (2p5)). Depending on the number of 
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originates from Ba displacements by elastic collisions with electrons (the 

occurrence of such displacements was shown by electron diffraction). According 

to identification results, the position of the energy levels of E1, E2 and Tr centres 

with respect to CB and VB extrema are schematically represented in Figure 32.  

A mechanism of formation of E1, E2 and Tr centers was proposed in [155] based 

on electron-hole creation and displacement of Ba and O ions. The proposed global 

mechanism implies that the defects induced by barium and oxygen displacements 

followed by electron and hole trapping are of two types; (i) oxygen centers which 

can be paramagnetic (O2
-, Tr center) or diamagnetic (O2

2- or Tr
- center), and (ii) 

Ti3+ centers which can be paramagnetic (E2 and E1 centers) or diamagnetic (E1
- 

center). A maximum defect concentration of the order of 1018 cm-3 was obtained 

with our irradiation conditions (simulating the first 30 years of hollandite waste 

form storage and corresponding to about 40% of the dose that will receive 

hollandite during disposal, Figure 24) which is relatively low. However, the total 

concentration of defects can be higher if diamagnetic defects are also produced.  

In order to study the impact on the nature of paramagnetic defects created by 

electron irradiation of the nature of M3+ cations in site B and of the nature and 

occupancy level of cations (Ba2+, Cs+) in site A, an EPR study of electron 

irradiated Ba1,16Ga2,32Ti5,68O16, Ba1,21Al2,42Ti5,68O16 and 

Ba1Cs0,28Al1,46Ga0,82Ti5,72O16 hollandite samples was performed. For all these 

samples, paramagnetic defects of same nature as that induced in 

Ba1,16Al2,32Ti5,68O16 hollandite were formed: O2
- type hole centers were detected 

in the three samples whereas E2 and E1 centers were clearly detected only for 

Ba1,21Al2,42Ti5,68O16 and Ba1Cs0,28Al1,46Ga0,82Ti5,72O16 samples. E1 signal was not 

detected for Ba1,16Ga2,32Ti5,68O16 sample. These results showed that Cs 

incorporation and occupancy level of tunnels of hollandite have no effect on the 

nature of the paramagnetic defects induced by electron irradiation.  

Chemical durability tests were conducted at 100°C with continuously flowing 

water in a Soxhlet device before and after irradiation (electron energy 1.5 MeV, 

fluence 1.2 1019 cm-2) on a BaCs0.28Fe0.82Al1.46Ti5.72O16 ceramic sample prepared 

by alkoxide route. Leaching rates indicated that electron irradiation did not 

significantly affect the capacity of the ceramic to retain cesium [120]. 

 

                                                                                                                                                               
electrons or holes trapped, these centers can be paramagnetic or not.  
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IV.A.3.e.2.d. Thermal evolution of irradiation-induced paramagnetic defects in 

hollandite 

  At room temperature the electron and hole centers discussed in previous 

paragraph were stable at least during more than 2 years (no concentrations 

change). As at the beginning of storage, the temperature in the bulk of radioactive 

Cs waste form will reach 300°C (5 wt% Cs2O), the stability with temperature of 

electron (E1, E2) and hole (Tr) centers was studied. Figure 33 shows the evolution 

of the EPR spectra of an irradiated Ba1,16Al 2,32Ti5,68O16 hollandite sample at each 

step after 15 min annealing at temperature in the range 50-800°C. E2, E1 and Tr 

signals vanished at 150, 300 and 350°C respectively (Figure 34). Thus, hole 

centers are more stable than electron centers and these defects do not recombine 

together. Annealing lead also to the formation of new signals G2 and E3, shown in 

Figure 33, in the temperature range 450-750°C and 350-700°C respectively. 

These defects were not observed after annealing of a pristine hollandite sample, 

which shows that they result from irradiation. Signal E3 is an electron center 

(g<ge) that was assigned to titanyl Ti3+ ions located at the surface of the crystals 

of hollandite ceramic [120]. A mechanism was proposed to explain formation of 

these centers by migration of E1 center towards surface of the crystals of 

hollandite ceramic [120]. E2 center probably vanished by liberation of the trapped 

electron in the conduction band of hollandite. It was suggested that the defects 

responsible for the G2 signal were light paramagnetic element (probably oxygen) 

segregated as aggregates [120]. These aggregates were probably clusters of O2
- 

centers formed by migration in the bulk of the crystals (Figure 35b). A diffusion 

mechanism was proposed for the migration of O2
- centers (Figure 35a) [120]. 

Nevertheless, contrary to what was observed by Raman spectroscopy for electron 

irradiated silicate glasses [165], the presence of a peak at 1550 cm-1 characteristic 

of molecular O2 was not detected on Raman spectra of the irradiated and heat 

treated hollandite samples studied in this work.  

The scheme presented Figure 35b summarized paramagnetic centers formation 

after electron irradiation and their evolution after annealing. It was necessary to 

heat the sample to 800°C to get a spectrum similar to the pristine one (Figure 33). 

Therefore at 300°C all the defects discussed previously would not be annealed 

and the formation of secondary defects (E3 and G2) clearly indicated that a part of 

the electrons and holes generated during irradiation were separated after 
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annealing. However, because of their small concentrations, these defects will have 

probably no negative effect on the long term behavior of hollandite during 

disposal. However, as discussed above, all these external irradiation experiments 

were performed with electron energy higher than 0.5 MeV which probably 

conducts to an overestimation of elastic collisions (Ba displacements).  Moreover, 

to compare our results (with irradiation at room temperature + annealing) with 

real conditions at the beginning of disposal, it would be interesting to perform 

directly electron irradiation of hollandite at 300°C. 

 

IV.B. The specific immobilization of MA 

 

As indicated in the Introduction of this chapter, after spent fuel reprocessing, the 

contribution of MA ((α,γ)-emitters) will dominate the radiotoxic inventory of 

HLW after 2-3 centuries because of their long half-lives in comparison with the 

majority of FP (Figure 1). After a brief overview on the MA occurring in HLW 

and on several kinds of matrices (glasses, ceramics and glass-ceramics) that could 

be envisaged for their specific immobilization (or for Pu immobilization) after 

selective separation, results will be develop concerning more particularly single 

phase zirconolite ceramics and zirconolite-based glass-ceramics that have been 

studied in our laboratories. 

 

IV.B.1. MA in HLW  

MA (237Np, 241,243Am, 243,244,245Cm) are mainly produced in nuclear reactors 

during fuel burn-up by neutron capture by 235U and 238U nuclei. Both the 

concentrations of MA and the MA/FP concentrations ratio in HLW depend on 

spent fuel burn-up [1,11] (Table VI). However, MA-rich wastes can also have 

different origins. For instance, the decision to stop military Pu production (for use 

in nuclear weapons) lead to a necessary periodic recycling of the existing military 

Pu stocks in order to extract 241Am35 formed from 241Pu by α-decay [166]. This 

leads to Am-rich wastes that must also be immobilized.  

In commercial nuclear reactors, MA represent only a small weight fraction in 

nuclear spent fuel (approximately 0.1 wt% for UOX1 spent fuel, Figure 3) and of 

                                                           
35 241Am is a neutron poison that must be periodically extracted from military Pu after melting and 
treatment with alkaline chlorides.  
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HLW as compared to fission products (only 2-3 wt% of all FP after Pu and U 

extraction for UOX1 spent fuel, Table IV). Nevertheless, about 1100 kg of MA 

are produced in France every year in HLW solutions after spent fuel reprocessing 

[32]. The main properties of MA and their individual fluxes are given in Table 

XVI . In power reactors using natural uranium (0.7 % 235U) and in military 

reactors36 used to produce Pu for nuclear weapons fabrication, the MA weight 

fraction in spent fuels is still lower [7]. Nevertheless, because of the expected 

increase of nuclear fuel burn-up in commercial reactors (Table VI), the weight 

fraction of MA in spent fuel and in HLW after reprocessing will increase in the 

future (Table V). In comparison with Np and Am, the amount of Cm is small in 

spent fuel (3.8 wt% of all MA in UOX1, Figure 3). Moreover, because of the 

highest half-life of 237Np (2.14 106 years) in comparison with Am isotopes (432-

7370 years), the radiotoxicity of MA will be dominated by Am during about 

nearly 100 000 years [167]. After this long period, the radiotoxicity of neptunium 

will dominate and will be lower than that of initial nuclear fuel.  

Because the high structural flexibility of glasses, all MA are currently 

incorporated by dissolution in glassy matrices with all FP and (U,Pu) traces not 

extracted by the Purex process, additional elements and corrosion products 

occurring in HLW solutions (Table IV). As MA are mainly responsible for the 

long-term radiotoxic inventory (Figure 1), we saw above that studies on advanced 

partitioning and specific immobilization (or transmutation to short-lived or non-

radioactive elements) of MA in more durable matrices than current nuclear 

glasses are in progress in France. In nuclear borosilicate glasses, MA represent 

currently less than 0.4 wt% (Table VII ) whereas concentrations of about 10 wt% 

are aimed to be immobilized in new specific matrices. The relatively high 

proportion of Am (46.6 wt% of all MA in UOX1 spent fuel, Figure 3), which has 

a significant thermal power (Table XVI ), partly explains the limit of MA 

concentration in waste forms in order to avoid strong heating in their bulk37. This 

problem is still more crucial for Cs waste forms because of the high proportion of 

the short-lived 137Cs isotope (Table XI). Concerning, the selective separation of 

                                                           
36 In order to produce Pu with an isotopic quality adapted to weapons fabrication, the burn-up of 
military spent fuel must be low. 
37 After 2-3 centuries, the thermal power of radioactive nuclear glasses will also be controlled by 
Am isotopes. 
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MA from HLW solutions (for transmutation or selective immobilization) it has 

been demonstrated that it was successively possible [24,168,169]: 

- To separate Np in combination with U and Pu using a modified version of the 

Purex process. 

- To co-extract (Am + Cm + lanthanides) from all other FP of HLW (Diamex 

process). 

- To separate (Am + Cm) from the high amount of lanthanides (all lanthanides 

represent more than 30 wt% of the wastes produced in power reactors, Tables III 

and IV) (Sanex process).  

- To finally separate Am from Cm. 

Because of the close chemical properties (stable oxidation state and cations size) 

of (Am, Cm) and the main lanthanides occurring in HLW solutions (La, Ce, Pr, 

Nd, see Table IV), the separation of MA and lanthanides is not easy38. 

Nevertheless, for transmutation of MA it is necessary to separate MA from 

lanthanides. However, for MA immobilization in specific waste forms the 

simultaneous occurrence of lanthanides and MA is not a serious problem. Indeed, 

as it will be discussed below, in numerous matrices it can be envisaged to 

incorporate simultaneously lanthanides and MA. This is also the case for the 

waste forms developed for military Pu immobilization for which addition of Gd 

was envisaged as neutron poison to avoid criticality risks during disposal.  

Concerning the studies on MA or Pu waste forms in laboratories that are not 

able to work with radioactive materials containing (α, γ)-emitters, it is important 

to point out that trivalent lanthanide ions (4f elements) are generally considered as 

good surrogates for the heaviest transuranic elements (5f elements) occurring in 

HLW such as Am and Cm. For instance, as the majority of lanthanides, these two 

actinide elements occur as trivalent ions in glasses [170,171] and have cation radii 

r similar to that of Nd3+ ion (for instance in six-fold coordination: r(Am3+)=0.0975 

nm and r(Nd3+)=0.0983 nm [144]). In comparison, other actinide elements of 

HLW (U, Np, Pu, Table IV) generally occur under oxidation state higher than 

+III in glasses and are not well simulated by trivalent lanthanides. For instance, 

plutonium mainly occurs as Pu4+ ions in nuclear glasses prepared under neutral or 

oxidizing conditions [172]. Thus, trivalent lanthanides are not good Pu surrogates 



 59 

except if the Pu containing glasses are prepared under strongly reducing 

conditions (using for instance strong reducing agent such as Si3N4 in the melt, 

almost all Pu4+ ions can be reduced to Pu3+ ions [173]). The differences of 

behavior between the heaviest and the lightest actinides of HLW are due to the 

increase of nuclear charge for the heaviest actinide elements which affects the 

energy and the spatial extension of 5f orbitals. Because of the possibility to 

prepare materials with both Ce3+ and Ce4+ ions, cerium is sometimes considered 

as a good plutonium surrogate. Nevertheless, it must be underlined that cerium is 

easier to reduce into its trivalent state than plutonium when the temperature is 

raised during the synthesis of waste forms. Moreover, in glasses prepared under 

air, plutonium is essentially in tetravalent state whereas both Ce3+ and Ce4+ ions 

exist in these conditions [174,175,176]. Moreover, as neptunium exits mainly in 

+IV oxidation state in glasses melted under air [177,178] and in zirconolite 

ceramics for instance [179], it is sometimes simulated by Ce4+ or Th4+ions [180]. 

Because of its very long half-life (>1.4 1010 years), natural 232Th is an actinide 

that can be manipulate in all laboratories but with some precautions. Moreover, 

thorium – which exits only in +IV oxidation state – is often considered as a good 

Pu4+ surrogate in spite of strong differences of solubility between Pu4+ and Th4+ in 

several ceramic matrices such as ZrO2 [74]. 

 

IV.B.2.   Specific waste forms for MA and Pu conditioning  

In France, after numerous studies performed conjointly by CEA and CNRS, 

different kinds of highly durable single phase or multiphase ceramic matrices 

have been retained as potential candidates for MA conditioning [32,82] 

(zirconolite [18,19], britholite [23], monazite/brabantite [23], thorium phosphate-

diphosphate [23]) (Table IX). These ceramics are more durable than current 

nuclear borosilicate glasses used for the conditioning of non separated HLW 

solutions. The case of zirconolite ceramic is developed below (§IV.B.3). 

Zirconolite-based glass ceramics have also been proposed for MA immobilization 

[101,103]. The potential advantages of glass-ceramics as specific waste forms in 

comparison with ceramics were already given in §III. The effect of parent glass 

composition and crystallization thermal treatment conditions on the structure and 

                                                                                                                                                               
38 Indeed, as discussed below, trivalent lanthanide ions such as Nd3+ (neodymium is the most 
abundant lanthanide in FP, Table IV) are classically used as americium and curium surrogates for 
inactive waste forms preparation. 
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the composition of zirconolite crystals have been widely studied in our 

laboratories and the main results obtained are presented in §IV.B.4.  

Other countries have also studied the possibility to immobilize selectively MA 

(Japan, Australia, Russia) or weapons Pu excess (United States, Russia, Australia) 

in highly durable matrices. For instance, in United States, an important amount of 

work has been performed on titanate and zirconate ceramics for Pu 

immobilization. In this case, the pyrochlore-type phase (Ln2(Ti,Zr)2O7 with Ln: 

lanthanide that can be replaced by actinides) was identified as one of the best 

waste form candidate [181,182]. However, the American Pu disposition 

programme was abandoned in 2002 [78]. Nevertheless, several studies seem to 

indicate than zirconolite is more long term resistant than pyrochlore [183,184] 

Moreover, zircon ((Zr,Pu)SiO4) [185] and zirconia (Zr,Gd,Pu)O2 [186] ceramics 

are other examples of matrices that  have been envisaged in Russia for the 

immobilization of Pu excess. It must be underlined that, zircon [72] and zirconia 

[74] were also proposed in the United States for Pu immobilization. The 

comparison of these different crystalline waste forms (titanates, zirconates and 

phosphates) will be not developed in this chapter.   

We saw in part III that, because of their very high structural flexibility (due to the 

lack of long range order), glassy waste forms remained the best candidates for non 

separated HLW immobilization. Nevertheless, recent studies were performed on 

glassy waste forms for actinides-rich wastes conditioning. For instance, studies 

were undertaken to get information on the solubility limits of actinides or of their 

surrogates (lanthanides) in a simplified version of the French nuclear glass R7T7 

prepared in different conditions. It appeared that it was possible to raise actinides 

and lanthanides concentrations in the glass by increasing the melting temperature 

and/or by using strong reducing agent during melting to reduce tetravalent 

actinides or lanthanides39 [174,173]. Other studies concerning the solubility of 

military Pu-rich wastes and Pu surrogates in sodium borosilicate glasses were also 

performed in United States [187,188]. Even if high concentrations of Pu or MA 

surrogates can be incorporated in these glasses at laboratory scale, the risks of 

uncontrolled crystallization of Pu- or MA-rich phases could be important during 

natural cooling of the melt in the metallic containers after casting. This could 

modify the long term behavior of the waste form in comparison with 

                                                           
39 Indeed, trivalent actinides and lanthanides are more soluble in glasses that tetravalent ones. 
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homogeneous glasses. However, if this crystallization can be controlled in the 

bulk, interesting glass-ceramic waste forms may be prepared. Glass compositions 

containing lower fluxing agent (i. e. alkaline oxides, boron oxide) concentrations 

(Tmelting>1450°C) and more durable than sodium borosilicate glasses 

(Tmelting~1100-1150°C) were also proposed for actinide-rich wastes 

immobilization: lanthanide aluminoborosilicate glasses (LaBS) [189,190] and 

lanthanide aluminosilicate (LnSiAlO) [191] glasses.  

The fact that glasses are generally considered as less durable than the titanate, 

zirconate and phosphate ceramics seen above and the existence of very old natural 

analogues for the majority of these ceramics explains why a considerable amount 

of experimental works (synthesis, characterization, study of properties) have been 

performed on ceramics for the specific immobilization of actinides (MA, Pu) in 

comparison with glasses.  

 

 

IV.B.3. Zirconolite ceramic as specific waste form for MA or Pu  

 

IV.B.3.a General characteristics of zirconolite 

Zirconolite (CaZrTi2O7) is the most durable phase designed for the incorporation 

of actinides and lanthanides in Synroc phase assemblages (Table VIII ). For 

instance, zirconolite is more durable than perovskite (CaTiO3) [192], the other 

phase of Synroc able to incorporate actinides and lanthanides and that can form as 

parasitic phase during zirconolite preparation.  

In the next paragraph, different incorporation schemes of trivalent or tetravalent 

An or Ln (considered here as An surrogates or neutron poisons) in the Ca and Zr 

sites of the zirconolite structure will be described. In order to avoid criticality 

risks during disposal (particularly for Pu immobilization), it is interesting to 

notice that high amounts of neutron absorbers (Gd, Hf) can also be introduced in 

zirconolite structure at the same time as actinides. Indeed, Gd and Hf are very 

good neutron absorbers with thermal neutron capture cross-sections of 49000 and 

104 barns respectively.  

The existence in nature of very old zirconolite minerals (of sometimes more than 

several hundred million years) that have successfully retained U and Th (up to 25 

wt% UO2 and 18 wt% ThO2) [193] even thought they have been rendered 
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metamict (i.e. amorphous under α-self irradiation) [192,194,195] by alpha decay, 

is generally considered as a good indication of their excellent long-term behavior 

(i. e. the effects of radiation-induced damage on their chemical durability were 

minimal) and explains why such phases are envisaged to securely immobilize Pu 

and MA for several thousands of years. For example, Lumpkin et al. [195] 

indicated that 550 million years old metamict zirconolite samples40 from Sri 

Lanka showed only minor signs of geochemical alteration. These samples were 

known to survive even after the complete destruction of their host rocks during 

weathering. Moreover, recent laboratory experimental results showed that 

amorphization produced by external irradiation (by Au2+ ions, simulating α-

recoils of actinides) did not significantly affect the dissolution rate of zirconolite 

[183]. This very good resistance of zirconolite was confirmed both by leaching 

tests performed on 239Pu-doped zirconolite (self-irradiation tests) [196] and by 

leaching tests performed on inactive zirconolite pellets irradiated externally above 

the critical amorphization dose by 510 keV Pb3+ ions [18] (simulating also α-

recoils of actinides). The study of self-radiation effects on the structure of 

zirconolite can be investigated by examination of natural samples containing 

ThO2 and UO2 that have experienced high α-doses using XRD, HRTEM and  X-

rays absorption spectroscopies (EXAFS, XANES) [195,197,198].  Molecular 

dynamics simulation has also been used to study irradiation damage in zirconolite 

[199]. Various leaching tests performed at different temperatures on non 

irradiated zirconolite ceramics showed that the initial alteration rate was at least 

two orders of magnitude lower than that measured for the most resistant 

borosilicate and aluminosilicate glasses [19,200]. After a few hours to a few days, 

this alteration rate quickly decreased by several orders of magnitude (≈ absence of 

alteration) [19,200]. This excellent chemical durability properties was explained 

by Leturcq et al. considering the existence of a decalcified zirconolite phase on 

the surface of altered zirconolite samples which could act as a passivation layer 

with protective properties [201]. All these results published in literature 

confirmed the very good long term performances of zirconolite as MA or Pu 

waste form.  

 

IV.B.3.b Structure and incorporation capacity of zirconolite 

                                                           
40 These samples contained about 18 wt% ThO2 and 2 wt% UO2 (EPMA study) [195] 
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Pure zirconolite (nominally CaZrxTi3-xO7 with 0.83 ≤ x ≤ 1.36 [202,203] or more 

simply written as CaZrTi2O7 (x=1))41 has a monoclinic layered structure (C2/c 

space group) referred as to zirconolite-2M polytype consisting of alternate planes 

containing either Ti4+ ions or both Ca2+ and Zr4+ ions [70,204,205] (Figure 36). 

Nevertheless, the structure of zirconolite can change according to its composition 

and the kind of foreign elements that are incorporated. These structural 

transformations lead very often to the formation of polytypes that can be roughly 

described from zirconolite-2M by a modification of the stacking sequence: the 

main ones are zirconolite-3T, zirconolite-3O and zirconolite-4M [205]. In 

zirconolite-2M, calcium and zirconium ions are ordered within the planes in eight 

and seven-fold coordinated sites respectively. There is only one kind of site for Ca 

(called Ca(1)) and Zr (called Zr(1)) (Figure 36). However, titanium ions occupy 

three distinct sites, two of which (called Ti(1) and Ti(3) sites) are six-fold 

coordinated whereas the third (called Ti(2) site), half-occupied, is five-fold 

coordinated (Figure 36). Oxygen anions occupy seven distinct sites referred as 

O(i) with i=1 to 7. For x < 1, titanium excess is accommodated in Zr(1) site. 

Whereas for x > 1, zirconium excess is accommodated mainly in sites Ti(1) and 

Ti(2). It is interesting to notice than even for stoichiometric zirconolite (i.e., x = 

0), there exists a slight distribution of Ti and Zr between Zr(1), Ti(1) and Ti(2) 

sites. 

Zirconolite is also well known for its excellent capacity to incorporate An and Ln 

ions into the Ca and Zr sites of its structure. The preferential incorporation in Ca 

and Zr sites can be easily understood from ionic radius arguments: because of the 

small size of the Zr site, incorporation of Ln and An (in natural or artificial 

zirconolite samples) in this site is very limited in comparison with the amount of 

Ln and An that can be incorporated in the Ca site without structural changes 

(Table XVII ). Four different incorporation schemes (1-4) can be envisaged – if 

we exclude any vacancies in the structure - for trivalent (Ln3+, An3+) and 

tetravalent (Ln4+, An4+) lanthanides and actinides into the Ca and Zr sites of 

zirconolite-2M: 
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41 This solid solution range was shown to depend on the synthesis temperature. 
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The subscripts Ca, Ti and Zr correspond respectively to the Ca, Ti and Zr sites of 

zirconolite-2M structure (Figure 36). Trivalent and tetravalent (Ln,An) cations 

incorporation in the divalent calcium site needs charge compensation with cations 

such as Al3+ in titanium sites (incorporation schemes (1) and (2)). More precisely, 

we showed [206,207] from XRD Rietveld structural refinement of 

Ca0.7Nd0.3ZrTi1.7Al0.7O7 (ceramic sample) that Al3+ ions mainly entered the Ti(2) 

site of the structure. The preferential incorporation of aluminum ions in the five-

fold coordinated Ti site of zirconolite was also confirmed recently by Vance et al. 

[208].  

The amount of (An, Ln) that can be incorporated in zirconolite-2M without 

structural changes (which means without new zirconolite-polytype, pyrochlore or 

perovskite formation for instance) strongly depends on its nature and more 

particularly on cation radius. Incorporation scheme (1) is the most efficient one. 

For instance, following this scheme, approximately 65% and 70% of the Ca2+ 

cations can be replaced respectively by Nd3+ and Gd3+ ions keeping the 

zirconolite-2M structure [209,71]. Using a different preparation method (oxide 

route) than that used by Vance et al. (alkoxide route) we confirmed that Ca1-

xNdxZrTi2-xAl xO7 remained zirconolite-2M for x ≤0.6 [206]. To the best of our 

knowledge, the limit of incorporation of actinides in zirconolite is not well known 

and may strongly depend on the processing atmosphere. For instance, Pu valence 

state in zirconolite may change from completely tetravalent (when firing in air) to 

trivalent (when firing in reducing atmosphere) [210]. Vance et al. [71] indicated 

that it was possible to incorporate 0.4 Pu3+ ions by formula unit in the Ca site and 

0.15 Pu4+ ions by formula unit in the Zr site of zirconolite-2M. This last result 

was confirmed by Begg et al. [211]. According to Begg et al. [179], neptunium 

occurred predominantly as Np4+ in zirconolite for oxidizing or reducing 

conditions. Concerning americium and curium, by analogy with the behavior of 

these actinides in glasses [212], we may expect that they occurred as Am3+ and 
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Cm3+ ions in zirconolite. Indeed, concerning curium, a 3 wt% 244Cm doped 

(apparently single phase) zirconolite-2M sample was prepared by firing in air for 

self-radiation study following the charge compensation scheme (3) in which 

2Cm3+ ions replace 1Ca2+ + 1Zr4+ ions [213].  

As Zr4+ and Hf4+ ions have nearly identical radii (respectively 0.78Å and 0.76Å in 

seven-fold coordination [144] corresponding to the one of the Zr site in 

zirconolite) and belong to the same column of the periodic table, these two 

elements have very similar chemical properties and are expected to be 

incorporated in similar crystalline structures. Indeed, this was demonstrated for 

natural or synthetic Zr-rich crystalline phases such as zircon [214,72], baddeleyite 

[74] and zirconolite. For instance, natural zirconolite samples were shown to 

incorporate 2.4 wt% HfO2 [194]. Moreover, the possibility to prepare (Zr,Hf)-

zirconolite42 CaZr1-xHfxTi2O7 (0< x ≤ 1) ceramic samples was reported in 

literature [71,215,216,217]. As hafnium has a high thermal neutron capture cross-

section in comparison with zirconium (respectively 104 and 0.184 barns [218]), it 

is considered as a neutron poison for fission reactions. This is why it would be 

interesting to substitute either totally or partially Zr by Hf in the zirconolite 

crystals of the ceramics (and in zirconolite-based glass-ceramics, see §IV.C) to 

prevent criticality events in waste forms heavily loaded with fissile actinide 

isotopes such as 239Pu. The possibility to incorporate both trivalent and tetravalent 

plutonium in Hf-zirconolite was also demonstrated [210]. Concerning the 

chemical durability of zirconolite containing hafnium, several results reported in 

literature indicated that there is only little difference between the leaching 

behavior of Hf and Zr [219,220].  

In the following paragraphs we will present structural and microstructural results 

we obtained in our laboratories concerning mainly the incorporation of Nd3+ ions 

in zirconolite (following essentially scheme (1) with aluminum as charge 

compensator). In this case, Nd3+ ion will be considered as a simulant of trivalent 

MA. Indeed, Nd3+ has a ionic radius similar to those of trivalent MA in eight-fold 

coordination (corresponding to the coordination of Ln in the Ca site of 

zirconolite): r(Nd3+)=1.109Å and r(Am3+)=1.09Å [144]. Several results will be 

also given concerning the incorporation in zirconolite-2M of lanthanides of 
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various size (Ce,Eu,Gd,Yb) to investigate the influence of the ionic radius of the 

lanthanide on the zirconolite cell parameters. An actinide (Th4+) was also 

incorporated in zirconolite following incorporation scheme (1). It must be noticed 

that ytterbium cannot be considered as a good actinide surrogate because of its too 

small ionic radius, but it was chosen in order to bring out the effect of lanthanide 

ionic radius on zirconolite structure. Structural results concerning the 

incorporation of Nd3+ ions in CaHfTi2O7 following the charge compensation 

scheme (1) will be also presented. The choice of the compensation scheme (1) for 

the majority of our samples partly relied on results concerning natural samples. 

Indeed, from the compositions of natural zirconolite samples, it was inferred that 

the incorporation of lanthanides and actinides mainly occurred in the calcium site 

of zirconolite structure [221]. In this case, lanthanide and actinide ions being 3+ 

or 4+, a charge compensation is always needed: it is often ensured by the 

substitution of Ti4+ ions of zirconolite by Fe2,3+, Al3+ or Mg2+ ions [222].  

 

IV.B.3.c Synthesis of zirconolite ceramics 

Because of the non-congruent melting of zirconolite [223], single-phase samples 

cannot be obtained by melting + casting (using a cold crucible melter for 

instance). Indeed, after melting at 1700°C and cooling a stoichiometric mixture to 

prepare zirconolite, different authors showed that the material obtained was 

multiphase. Zirconolite was the major phase (>50 vol%) but important amounts of 

other phases such as perovskite and zirconia were also formed during cooling of 

the melt [102, 200,224].  

So, the preparation methods reported in literature to synthesize single phase 

zirconolite ceramics were sintering methods. Among these different methods we 

can distinguished – as for hollandite ceramics preparation (§VA)- the 

conventional ceramic method with powders (oxide route) and the wet chemistry 

method using alkoxide, hydroxide or nitrate  precursors in solution (alkoxide 

route). The alkoxide route was largely used by the ANSTO to prepare Synroc 

[50], zirconolite-rich Synroc [225] and single phase zirconolite [226] samples. 

This wet chemistry method was initially developed in order to obtain a high 

degree of homogeneity amongst the various chemical components of Synroc 

                                                                                                                                                               
42 In this chapter,  when we write zirconolite without more indication, it means zirconolite with 
only zirconium in the 7-fold site of the structure (i.e. without hafnium). In the text, Hf-zirconolite 
means zirconolite with only hafnium and (Zr,Hf)-zirconolite means samples with both Zr and Hf. 
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before heat treatments. The CEA has also adopted this method to prepare single 

phase zirconolite samples [19] hydrolyzing a mixture of Al, Zr and Ti alkoxides 

with Ca and Ln nitrates. The powder obtained was then dried, calcined, pressed 

uniaxially and sintered (1400°C 96h for instance for an inactive 

Ca0.8Nd0.2ZrTi1.8Al0.2O7 sample). In order to prevent the formation of perovskite 

as parasitic phase (that could incorporate Ln and An) a small excess of Zr and Ti 

was added in the precursors mixture but this lead to the formation of ZrTiO4 as 

minor phase in their ceramics [19]. An almost similar wet chemistry method was 

used by Advocat et al. [227] to prepare zirconolite ceramic samples containing 10 

wt% PuO2 with Al3+ ions as charge compensators (Ca0.87Pu0.13ZrTi1.74Al0.26O7). 

XANES spectroscopy showed that plutonium occurred mainly as Pu4+ in this 

ceramic [196].  

As in §IV.A of this chapter, concerning the preparation of hollandite ceramics, for 

practical reasons we decided to use a conventional preparation method by oxide 

route to synthesize zirconolite ceramic samples.  The following samples were 

synthesized: 

- Ca1-xNdxZrTi2-xAl xO7, with x = 0 to 0.8 

- Ca0.75Ln0.25ZrTi1.75Al0.25O7 for Ln = La, Ce, Nd, Eu, Gd, Yb 

- Ca0.9Th0.1ZrTi1.8Al0.2O7 

- Ca1-xNdxHfTi2-xAl xO7, for x = 0 and 0.2 

10-20 g ceramic of each sample were prepared by solid-state reaction from 

reagent grade powders. The starting materials were: CaCO3, ZrO2, HfO2, TiO2, 

Al2O3, CeO2, Nd2O3, Eu2O3, Gd2O3, Yb2O3, ThO2. After drying at 400°C (1000°C 

for rare earth oxides), powders were weighed, thorough mixed in an agate mortar 

and uniaxialy pressed at 20 MPa. The pellets (diameter: 2 cm) were fired in air at 

1400°C for 100 h (Figure 37). They were then ground, re-pressed at 20 MPa into 

pellets and fired again in air at 1460°C for 100 h (Figure 37). Theses conditions 

of preparation enable to reduce the amount of parasitic phases and to increase the 

density of the pellets. Contrary, to hollandite (Figure 17), the heat treatment 

temperature and duration selected for zirconolite were higher for two reasons: 

there was no volatile element in the mixtures and oxides such as ZrO2 and HfO2 

have high refractory character.  
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IV.B.3.d Structural characterizations of Ca1-xNdxZrTi 2-xAl xO7 zirconolite 

ceramics 

IV.B.3.d.1 XRD study 

Comparison of experimental XRD patterns (Figure 38) with database indicated 

that, for x ≤ 0.6, Ca1-xNdxZrTi2-xAl xO7 samples are almost single phase and 

corresponded to zirconolite-2M. Only very weak peaks near 2θ = 38.6° and 2θ = 

56° (not seen on Figure 38), attributed to a perovskite phase, could be discerned 

on XRD diagrams43. This parasite phase is often mentioned in literature for 

preparation of zirconolite by solid state reaction. Perovskite is one of the main 

phases of Synroc ceramics (Table VIII ), able to incorporate Ln and An. Probably 

for kinetics reasons [228], this phase could form easily during heating of the 

mixture of powders to prepare zirconolite, and was then difficult to destroy by 

reaction with ZrO2 that had no reacted to form zirconolite. To limit the amount of 

perovskite in our ceramics, we selected high heating rates (Figure 37). 

Nevertheless, back-scattered electron images confirmed that Ca1-xNdxZrTi2-

xAl xO7 materials with x ≤ 0.6 were almost single phase (Figure 39) and EDX 

measurements showed that they had homogeneous compositions close to nominal 

ones. The occurrence of perovskite traces was difficult to detect by SEM probably 

due to a lack of contrast with zirconolite, but back-scattered electron images 

clearly shows the formation of a low amount of small zirconia crystals containing 

Ti of composition close to Zr0.9Ti0.1O2 as determined by EDX, for all x values 

(Figure 39). The occurrence of Zr0.9Ti0.1O2 crystals probably arises from the low 

reactivity of ZrO2 powder. In spite of the existence of small amounts of parasitic 

phases it thus appears that almost all neodymium was incorporated in the structure 

of zirconolite-2M crystals. We will discuss below more precisely the location of 

Nd3+ ions in the zirconolite structure using spectroscopic techniques.  

Qualitative analysis of the Ca1-xNdxZrTi2-xAl xO7 XRD patterns indicates a clear 

evolution of line positions versus x. Notably, the structure of the doublet at 2θ ≈ 

35,5° progressively disappears with increasing x and becomes unresolved for x = 

0.6 (Figure 38). This indicates a strong evolution for several lattice parameters as 

shown in Table XVIII  and Figure 40. A (nearly) linear evolution of a, c and β 

                                                           
43 A zirconolite ceramic sample of composition Ca0.95Nd0.1Zr0.95Ti2O7 (,i.e. following the charge 
compensation scheme (3) without aluminium charge compensator) was also prepared using the 
same method. The amount of perovskite was higher for this sample than for the samples prepared 
following scheme (1). 
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(Table XVIII ) cell parameters is observed with increasing x: a and β increase 

whereas c decreases (Figure 40). However x has no strong effects on b. A rough 

interpretation of c and β evolutions can be proposed on the basis of simple 

considerations. From the comparison of ionic radii, Nd3+ ions incorporate into 

Ca/Zr planes while Al3+ ions incorporate into Ti planes. As c decreases with 

increasing x in Ca1-xNdxZrTi2-xAl xO7, it means that the distance between the 

successive (001) layers decreases at the same time (Figure 36). This can simply 

be explained by the fact that Al3+ ions are smaller than Ti4+ ions (r(Al3+)= 0.48 Å 

and r(Ti4+)= 0.51 Å in five-fold coordination, r(Al3+)= 0.535 Å and r(Ti4+)= 0.605 

Å in octahedral coordination [144]) whereas Nd3+ and Ca2+ ions have 

approximately the same ionic radii (Table XVII ). Evolutions of the other cell 

parameters (a and b) are more difficult to understand because of the complex 

interactions occurring between the linked polyhedrons of zirconolite in (001) 

planes. It is interesting to notice that for the same amount of neodymium by 

formula unit (x=0.1), the lattice parameters of Ca0.95Nd0.1Zr0.95Ti2O7  are larger 

than that of Ca0.9Nd0.1ZrTi1.9Al0.1O7 (Table XVIII ). This difference can be 

explained by the incorporation of Nd3+ ions in the small Zr site which induces an 

expansion of the lattice. Nevertheless, because of the difficulty of Nd3+ ions to 

enter into the Zr site following scheme (3), a higher amount of perovskite was 

detected by XRD in the Ca0.95Nd0.1Zr0.95Ti2O7 ceramic. It will be see below by 

Rietveld refinement, that for Ca1-xNdxZrTi2-xAl xO7 (x=0.3) almost all Nd3+ ions 

are located in the Ca site.  

To identify which kinds of crystallographic sites are occupied by Nd3+ and Al3+ 

ions, a Rietveld refinement was carried out on the Ca0.7Nd0.3ZrTi1.7Al0.3O7 

ceramic from its XRD pattern. The refinement was based on the CaZr0.92Ti2.08O7 

structure determination of Cheary [229]. Results of this refinement are presented 

in Figure 41 and Tables XIX and XX . For more details concerning our 

refinement procedure, see [207,206]. Site occupancy results clearly demonstrate 

that: 

- Nd3+ ions mainly enter into Ca(1) site (about 98.5 %). This result is in 

agreement with the assumptions that can be made from the comparison of ionic 

radii (Ca2+ and Nd3+ ions have very similar ionic radii whereas Zr4+ ions are 

significantly smaller, Table XVII ). The fact that only a very small amount of 
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neodymium enter into the Zr site was confirmed by optical spectroscopy 

(§IV.B.3.d.2). 

- Al3+ ions occupy only the split five-fold coordinated Ti(2) site. As already 

indicated above, this result is in agreement with the one of Vance et al. [208] for 

Ca1-xYxZrTi2-xAl xO7 zirconolite (0.1 ≤ x ≤ 0.3) samples. This result is consistent 

with the solid solution limit x = 0.6 corresponding to Ca1-xNdxZrTi2-xAl xO7 

zirconolite-2M. Indeed, as Ti(2) can only be half-occupied, if Al3+ ions 

exclusively enter into Ti(2) site, the solid solution limit should be x = 0.5, which 

is in fairly good agreement with the experimental value (x = 0.6, Figure 38). 

Ti(2) sites constitute the closest cationic sites to Ca ones. So, Ti(2) occupation by 

Al3+ ions could be energetically favored, because it would ensure more efficiently 

the compensation charge necessary to the incorporation of Nd3+ ions into Ca sites.  

For x = 0.65, new XRD lines, whose the most characteristic are at 2θ ≈ 36.5° 

(Figure 38) and 2θ ≈ 60.5°. They cannot be indexed in the space group of 

zirconolite-2M. From x = 0.7 to x = 0.8, the distinctive XRD lines of zirconolite-

2M disappear (notably the peak at 2θ ≈ 37.5°) whereas all the new lines appeared 

for x = 0.65 remain. Most of the greatest XRD lines of this new phase remain in 

common with the ones of zirconolite-2M so that this new phase is probably a 

polytype of zirconolite-2M. In fact, the XRD diffraction patterns of Ca1-

xNdxZrTi2-xAl xO7 for 0.7 ≤ x ≤ 0.8 can be fully indexed on the basis of the 

zirconolite-3O structure (space group Acam), an orthorhombic polytype of 

zirconolite [230]. Therefore, this range of composition seems to lead to the 

formation of almost single-phase zirconolite-3O. Rietveld refinement of 

Ca0.3Nd0.7ZrTi1.3Al0.7O7 confirms that this composition leads to the crystallization 

of almost single phase zirconolite-3O [207,206].   

 

IV.B.3.d.2 Study of local environment of Nd3+ ions in zirconolite-2M 

The local environment of Nd3+ ions in zirconolite ceramic samples (0 < x ≤ 0.6) 

was studied by EPR and optical absorption spectroscopy. Several results about the 

evolution of the neodymium environment in Ca0.8Nd0.2ZrTi1.8Al0.2O7 samples 

irradiated by heavy ions (Pb3+) in order to simulate α-recoils are presented in the 

next paragraph. 

EPR was shown to be a very efficient and sensitive technique to detect and to 

identify the paramagnetic point defects formed by electron irradiation in 
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hollandite (§IVA). This technique is also very powerful to study paramagnetic 

rare earths such as Nd3+ ions and paramagnetic impurities in zirconolite and in 

parasitic phases. Nevertheless, because of the short spin-lattice relaxation time T1 

of neodymium due to its strong spin-orbit coupling, EPR signals can be only 

detected at very low temperature (near 10K, because the signal cannot be detected 

for T ≥ 60 K). Figure 42a (middle) shows the EPR spectrum of 

Ca0.97Nd0.03ZrTi1.97Al0.03O7 sample recorded at T = 12 K. For this composition, 

many paramagnetic elements can be detected, neodymium (in both the zirconolite 

and the parasitic perovskite phases) as well as other paramagnetic transition 

metals impurities (V4+, Fe3+) coming from the raw materials or the steel press. For 

Ca0.97Nd0.03ZrTi1.97Al0.03O7, the very wide signal due to Nd3+ ions in zirconolite-

2M is hardly visible. This signal dominates all the other contributions for heavily 

Nd-doped ceramics (x ≥ 0.1, Figure 42a, top). A relatively narrow signal 

characteristic of Nd3+ ions in orthorhombic symmetry site between 2250 G and 

3650 G was detected for Ca0.97Nd0.03ZrTi1.97Al0.03O7 (Figure42a, middle). This 

signal was attributed to Nd3+ ions in the perovskite parasitic phase by comparison 

with the EPR spectrum recorded in the same conditions for a pure 

Ca0.9Nd0.1Ti0.9Al0.1O3 perovskite sample prepared by solid-state reaction at 

1100°C (Figure 42a, bottom). Thus for low Nd2O3 concentration, a significant 

part of Nd3+ ions is incorporated in the Ca site of perovskite (probably with 

compensation charge insured by Al3+ ions in Ti site) which is in agreement with 

the results reported by Lumpkin et al.[231] about rare earth distribution between 

zirconolite and perovskite phases in Synroc samples. Indeed, these authors 

showed that for the biggest rare earths, the partitioning ratio of Ln3+ ions between 

perovskite and zirconolite was higher than 1. This was due to the fact that the size 

of the Ca site in perovskite is larger than in zirconolite. Nevertheless, for higher 

neodymium amounts (x ≥ 0.15), the proportion of neodymium incorporated in the 

parasitic perovskite phase becomes negligible in our zirconolite ceramics.  

An example of EPR spectrum for x ≥ 0.15 is shown in Figure 42b 

(Ca0.8Nd0.2ZrTi1.8Al0.2O7). This spectrum must be simulated with at least two 

components C1 and C2 (i.e. two g-tensors)44 corresponding to two different 

environments for Nd3+ ions. Indeed, it is impossible to simulate this spectrum 

                                                           
44 Concerning EPR signals simulation and g-tensor, see §IV.A.3.e.2.c. concerning the study of 
paramagnetic point defects in irradiated hollandite. 
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considering only one component. Moreover, the relative contributions of 

components C1 and C2 depend on the recording temperature (between 12 and 

50K) which shows that they are associated with Nd3+ ions in two different sites 

having slightly different spin-lattice relaxation times T1. By double integration of 

the EPR signals it is possible to estimate the relative proportions of the two 

components: C1 (87%) and C2 (13%). As there is only one Ca site in zirconolite 

(Table XIX ), the two components correspond to Nd3+ ions located in two slightly 

different calcium sites probably due to differences concerning their second 

neighbors. Moreover, we will see below that neither of the two components can 

correspond to Nd3+ ions in the Zr site.  

Optical absorption spectra of Nd3+ ions were recorded at low temperature (T=15–

20 K). In this temperature range, only the optical transitions from the lowest Stark 

doublet (4I9/2 ground state) to the excited states are observed. In this work, the 4I9/2 

→ 2P1/2 transition - occurring in the 431-434 nm (23050-23200 cm-1) range - is 

particularly interesting to study because the degeneracy of the 2P1/2 state is not 

removed by the crystal field occurring around Nd3+ ions (Figure 43a). Thus, in 

these conditions, each kind of neodymium environment is characterized by only 

one absorption band. For more details concerning the spectroscopy of lanthanides 

and more particularly of neodymium see for instance references [232,233,234]. 

Optical absorption was very helpful to demonstrate that the very low amount of 

Nd3+ ions that are located in the zirconium site of zirconolite (Table XIX ) do not 

give detectable absorption band on optical spectra. In Figure 43b are shown the 

optical absorption spectra of Nd3+ ions (4I9/2 → 2P1/2 transition) in 

Ca0.95Nd0.1Zr0.95Ti2O7 and Ca0.9Nd0.1ZrTi1.9Al0.1O7 (zirconolite-2M) and in 

perovskite Ca0.9Nd0.1Ti0.9Al0.1O3 ceramics. The spectrum of Ca0.95Nd0.1Zr0.95Ti2O7 

shows two distinctive features in comparison with that of Ca0.9Nd0.1ZrTi1.9Al0.1O7. 

Firstly, for the ceramic Ca0.95Nd0.1Zr0.95Ti2O7 prepared following charge 

compensation scheme (3), a shoulder near 23130 cm-1 is observed on the high 

energy side of the main band centered near 23120 cm-1. In comparison with the 

ceramic Ca0.9Nd0.1ZrTi1.9Al0.1O7 prepared following charge compensation scheme 

(1), this shoulder can be attributed to Nd3+ ions in the Ca site of perovskite 

occurring as parasitic phase in the zirconolite ceramic (Table XVIII ). Indeed, the 

maximum of the 4I9/2 → 2P1/2 absorption band of neodymium in pure perovskite 

occurs at this energy (Figure 43b, top). Secondly, a broad and weak absorption 
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band centered near 22945 cm-1 is detected for Ca0.95Nd0.1Zr0.95Ti2O7 and is not 

detected for Ca0.9Nd0,.1ZrTi1.9Al 0.1O7 (Figure 43b, middle). This new band can be 

attributed to Nd3+ ions in the zirconium site of zirconolite. Thus no Nd3+ ions are 

detected in the in the zirconium site of zirconolite Ca0.9Nd0.1ZrTi1.9Al0.1O7 

ceramic (Figure 43b, bottom). The fact that the 4I9/2 → 2P1/2 transition of Nd3+ 

ions in Zr site is displaced towards lower energy in comparison with that of Nd3+ 

ions in Ca site can be explained by an increase of the covalent character of the 

bonding between the 4f orbitals of neodymium and the 2p orbitals of the 

surrounding oxygen anions. Indeed, as Zr site is smaller than Ca site, Nd-O 

distance is shorter for neodymium in Zr site (Table XX) and the covalent 

character of the Nd-O bonding increases. However,  it is known that an increase 

of the covalency of the bonding between Nd3+ ion and its ligands induces a 

decrease of the gap between their energy levels (nephelauxetic effect) [233]. 

Consequently, this explains the displacement towards lower energies of the 4I9/2 

→ 2P1/2 transition for Nd3+ ions in Zr site of zirconolite. 

The optical absorption spectra (4I9/2 → 2P1/2 transition) of the 

Ca0.7Nd0.3ZrTi1.7Al0.3O7 ceramic shown in Figure 43c can be simulated with at 

least three relatively broad (half-width at half-maximum ∆≈30 cm-1) Gaussian 

shape components G1, G2 and G3. This result shows that three different 

neodymium environments in zirconolite are detected using this technique (one 

more than with EPR, Figure 42b) for all samples. This difference between the 

results obtained using EPR and optical absorption can be explained by the fact 

that Nd3+ EPR spectrum in zirconolite is very anisotropic (the main components 

of the g tensors range from 0.80 to 3.21 [207]) and broad in comparison with the 

optical absorption spectrum. If it is assumed that the oscillator strength (linked to 

the transition probability) of the individual 4I9/2 → 2P1/2 transitions does not 

significantly vary from one Nd environment to another (due to the occupancy of 

the same basic Ca site in all cases), the area ratio of the absorption bands G1, G2 

and G3 can be used to estimate the relative amounts of Nd3+ ions located in the 

three different environments. The G1 and G3 components which are the close 

(Figure 43c) are probably unresolved by EPR and would correspond to the strong 

C1 component detected by EPR. The comparison of the relative surface area of the 

C1 component in one hand (87%) with the relative surface area of the G 1 + G3 

components in the other hand (83%) seems to confirm this hypothesis. Moreover, 
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it must be underline that the Nd3+ ions optical absorption line width in zirconolite 

(∆ ≈ 30 cm-1) is relatively large in comparison with other crystalline materials 

such as Nd-doped Y3Al5O12 (YAG) for which ∆ does not exceed several cm-1 at 

low temperature [235]. This indicates that in zirconolite the neodymium 

absorption line width is strongly inhomogeneously broadened which can be 

explained by a disorder in the Nd3+ ions environment. The origin of this disorder 

which would explain both the occurrence of more than one environment for 

neodymium in the zirconolite calcium site and the large line width can be given as 

follows. The structural data obtained by Rietveld refinement of the 

Ca0.7Nd0.3ZrTi1.7Al0.3O7 zirconolite clearly shows that the Nd3+ ions located in the 

Ca site have two Ti(2) splitted sites in their next nearest neighborhood (Figure 

44). These four Ti(2) positions are located at different distances from the Nd3+ 

ions and are statistically occupied by Ti4+ or Al3+ ions (50 %) and vacancies (50 

%). Consequently, it appears that the environment of neodymium ions (and thus 

the crystal field around them) in the calcium site can vary from one site to 

another. In this case, 16 possible different environments for neodymium can be 

envisaged [207].  

 

IV.B.3.d.3 Study of local environment of Nd3+ ions in irradiated zirconolite 

The studies reported in literature on  internal or external irradiation experiments of 

zirconolite mainly concerned the effect of irradiation on its physical and chemical 

properties and the evolution of its amorphization followed by XRD or SAD 

183,213,236,237. Nevertheless, several works were performed on natural 

metamict (or annealed) zirconolite samples containing U and Th to study the local 

environment of several cations (Zr4+, Th4+, U4+, Ti4+, Ca2+) using EXAFS and 

XANES spectroscopies [195,197,198].  

Actinides α-decay induces damages in zirconolite mainly due to α−recoil nuclei 

and emission of α-particles leading to a progressive amorphization of the 

structure. α-particles transfer their energy of 4.5-5.8 MeV mainly by ionizations 

and electronic excitations [39]. They also induce several hundred atomic 

displacements by ballistic processes along their path but mainly at the end of their 

tracks (10-20 µm). The heavy α-recoil nuclei have energies of 70-100 keV, move 

over shorter distances (30-40 nm) and lose nearly all their energy by ballistic 

processes producing a highly localized displacement cascade with a high number 
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of atoms (1000-2000 atoms) [39]. These ballistic damages can be simulated by 

external irradiation experiments with heavy ions such as Au2+ and Pb3+. In our 

work, Ca0.8Nd0.2ZrTi1.8Al0.2O7 zirconolite samples prepared by alkoxide route at 

the CEA (Marcoule, France) were externally irradiated by Pb3+ ions of 510 keV 

(energy close to the one of heavy recoil nuclei) at three different doses: 1014, 

2.1015 and 1016 Pb3+ ions/cm2. These samples mimic several stages of zirconolite 

amorphization, since the critical amorphization dose is estimated around 2.1015 

Pb3+ ions/cm2 (nearly equivalent to 5.1018 α/g). First insights into the mechanisms 

of zirconolite amorphization were obtained by Grazing Incidence X-ray 

Absorption Fine Structure (GIXAFS) in fluorescence detection mode at room 

temperature for the study of Nd local environment (LIII  edge, 6208 eV)45. The 

principle of this technique is the same as EXAFS but GIXAFS enables to record 

the EXAFS spectrum of only a small thickness of sample near the surface. The 

depth of amorphization induced by Pb3+ ions external irradiation was estimated 

around 400 Å from numerical simulations, transmission electron microscopy 

observations and grazing x-ray diffraction experiments. Due to the thinness of the 

surface layer to be probed by X-rays, GIXAFS measurements enabled to 

selectively analyze the damaged zone of the samples by working with a 100 mdeg 

grazing angle. Because a large surface area is illuminated by the X-rays beam at 

glancing incidence, all experiments were performed on polished ceramic pellets 

of 25 mm in diameter (1 mm thick), in order to maximize the intensity collected 

during GIXAFS experiments. As only a very small fraction of the thickness of 

zirconolite samples was damaged in these experiments (about 0.004 %), other 

techniques such as classical EXAFS detected by transmission or fluorescence, 

optical absorption spectroscopy and EPR were not adapted to follow the 

modification of Nd3+ ions environment.  

In §IV.B.3b we saw that zirconolite can be regarded as a layered structure in 

which (Ca-Nd)/Zr and Ti-Al planes are stacked (Figure 36). From Rietveld 

refinement results of Ca0.7Nd0.3ZrTi1.7Al0.3O7, Nd (substituting Ca) is expected to 

be surrounded by 8 oxygen anions at distances ranging from ∼ 2.28 to 2.48 Å 

(mean distance 2.43 Å, Table XX ). The second nearest neighbors consist of Ti-Al 

cations from 3.2 Å. But the contribution of other cations of different kinds (Zr and 

                                                           
45 These experiments were performed at the synchrotron of ANKA on the INE beamline 
(Karlsruhe, Germany) with the help of M. Denecke, J. Roethe and K. Dardenne. 
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Ca in addition to Ti-Al) from 3.55 Å brings EXAFS contributions which strongly 

interfere in the investigated EXAFS region (up to 9 Å-1). So, whereas the first 

shell can be accurately analyzed, only pseudo-quantitative information can be 

obtained concerning the second shell. For more details concerning EXAFS 

spectroscopy see for instance [238]. The GIXAFS results (coordination number 

around Nd, mean distances between Nd and its first and second neighbors, Debye-

Waller factors σ which include both vibrational and static disorder effects) are 

presented in Figure 45 and Table XXI . Figure 45 shows a decrease (indicated by 

arrows) of the Fourier transforms peaks corresponding to the first and second 

shells around Nd with increasing irradiation dose. Simulation of the first shell 

(Table XXI ) shows that Nd is eight-fold coordinated by oxygen anions in all the 

samples, irrespective of their irradiation dose. Moreover these oxygen anions 

always occur at the same mean distance 2.45 Å, in good agreement with the 

structural results of non irradiated Ca0.7Nd0.3ZrTi1.7Al 0.3O7 zirconolite (Table 

XX ). However, a significant increase of the Debye-Waller factors σ (from σ2 = 

0.007 to 0.018 Å2) is observed with increasing the irradiation dose (Table XXI ). 

This evolution of σ indicates that the local order around Nd is kept despite the 

amorphization of zirconolite structure (this is the case at least for the sample 

irradiated with 1016 Pb3+ ions/cm2). Only a broadening of the distribution of Nd-O 

distances occurs with the irradiation dose. The medium range order around Nd is 

much more sensitive to the irradiation dose. Above the critical dose of 

amorphization (estimated to 2.1015 Pb3+ ions/cm2), no second shell contribution is 

even detectable in Figure 45. This phenomenon could be attributed to an increase 

of the distribution of Nd-O-M (M=Ti,Al) angles between polyhedra caused by 

irradiation. The lack of strong modifications of the short-range order around Nd 

tends to confirm the amorphization model proposed by Farges et al. [197] for 

zirconolite. In their model, using EXAFS results, these authors proposed that the 

loss of the long range periodicity in metamict zirconolite was due to changes in 

angles between polyhedra without strong modifications of short-range 

environment. Moreover, the slight increase of the distance between Nd and its 

second neighbors (Table XXI ) could contribute to the macroscopic swelling 

reported in literature [213]. 
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IV.B.3.e Structural characterization of zirconolite ceramics with La, Ce, Eu, 

Gd, Yb or Th 

Among the different lanthanides (Ln=La, Ce, Nd, Eu, Gd, Yb) used to prepare 

Ca0.75Ln0.25ZrTi1.75Al0.25O7 samples (charge compensation scheme (1)), two of 

them can adopt several oxidation states in air: it is the case of cerium (Ce3+/Ce4+) 

and europium (Eu2+/Eu3+). According to EPR results, to the high sintering 

temperature (1460°C) and to the kind of charge compensation scheme, the major 

part of cerium ions in Ca0.75Ce0.25ZrTi1.75Al0.25O7 sample is expected to be in their 

trivalent state [207]. Moreover, the fact that Ca0.75Eu0.25ZrTi1.75Al0.25O7 sample 

gives no EPR signal attributable to Eu2+46, means that europium occurs 

exclusively as Eu3+ in this sample [239] . For Ln=Ce, Nd, Eu, Gd and Yb, 

qualitative analysis of XRD patterns indicates that the samples were almost 

single-phase zirconolite-2M. Nevertheless, as for Ln = Nd, very weak XRD lines 

attributed to perovskite traces could be detected for each material. For lanthanum, 

XRD analysis of the Ca0.8La0.2ZrTi1.8Al0.2O7 sample shows that it is composed of 

a mixture of zirconolite-2M and perovskite and cannot be considered as single-

phase. The Ca site of zirconolite-2M is probably too small for an efficient 

incorporation of lanthanum ions (Table XVII ) whereas the calcium site of 

perovskite is significantly larger and more appropriate. So zirconolite-2M is able 

to incorporate all trivalent rare earths smaller than lanthanum following the Ca1-

xLnxZrTi2-xAl xO7 charge compensation scheme. 

The cell parameters (a,b,c,β) of Ca0.75Ln0.25ZrTi1.75Al 0.25O7 increase with the ionic 

radius r of Ln3+ ions [207]. As all the lanthanides (except La) are very likely to 

substitute the Ca site of the structure, it means that the average size of cations in 

Ca site affects all the cell parameters in a similar way. On the basis of an ionic 

model, a linear evolution of Ca0.75Ln0.25ZrTi1.75Al0.25O7 zirconolite-2M cell 

volume V is expected versus r3 (Vegard’s law) which is in agreement with Figure 

46. This linear evolution is extremely well verified for the following ions: Nd3+, 

Eu3+, Gd3+ and Yb3+. However, it seems that the cell volume of 

Ca0.75Ce0.25ZrTi1.75Al0.25O7 does not lie exactly on the same line as the ones of the 

other compounds. This difference could be due to the oxidation of a small part of 

Ce3+ into Ce4+. Indeed, as Ce4+ ion is much smaller than Ce3+ ion (in eight-fold 

                                                           
46 Contrary to Eu3+ ions (7F0 electronic state) that cannot be detected by EPR, Eu2+ ions (8S7/2 
electronic ground state) are easily detected [239]. 
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coordination, r(Ce4+)=0.97 Å < r(Ce3+)=1.143 Å, Table XVII ), its occurrence into 

the Ca site should reduce V in comparison with 100 % of Ce3+.  

Following the charge compensation scheme (2), a Ca0.9Th0.1ZrTi1.8Al0.2O7 sample 

was also prepared47. As thorium is only tetravalent, the incorporation of one Th4+ 

ion in Ca site needs two Al3+ ions in Ti site. According to literature [240], charge 

compensation scheme (2) was more efficient than scheme (4) to incorporate 

thorium in zirconolite-2M probably because of the big size of Th4+ ions (Table 

XVII )48. Kesson et al.241 indicated that no more than 0.24 Th4+ ions could be 

incorporated in the Ca site following scheme (2). However, according to Fielding 

et al. [70] this limit was certainly lower. In our case, we showed that the XRD 

pattern of Ca0.9Th0.1ZrTi1.8Al0.2O7 can only be indexed in the zirconolite-2M space 

group and this was confirmed by HRTEM [242].  

 

IV.B.3.f Structural characterization of Ca1-xNdxHfTi 2-xAl xO7 zirconolite 

ceramics 

 XRD and SEM show that Hf-zirconolite samples (Ca1-xNdxHfTi2-xAl xO7 

for x=0 and 0.2) are almost single-phase. Except a small amount of perovskite, all 

XRD lines can be indexed in the monoclinic C2/c space group of zirconolite-2M 

(patterns not shown). The corresponding lattice parameters are given in Table 

XXII .  It appears that the cell volume V of Hf-zirconolite ceramics is slightly 

lower than the one associated with the corresponding Zr-zirconolite ceramics. 

This result can be explained by the fact that Hf4+ cation radius is slightly smaller 

than Zr4+ one (Table XVII ). Similarly to the evolution of the lattice parameters of 

Ca1-xNdxZrTi2-xAl xO7 with x (Table XVIII ), Nd induces an increase of a 

parameter and a decrease of c parameter whereas b does not significantly change. 

The composition of Hf-zirconolite samples was determined by EPMA: 

Ca0.99Hf0.98Ti2.00O7 and Ca0.797Nd0.198Hf0.998Ti1.80Al0.194O7 respectively for x=0 and 

x=0.2. The composition of Hf-zirconolite is thus very similar to nominal 

composition.  

Using the same spectroscopic techniques as for Zr-zirconolite, the environment of 

Nd3+ ions in Ca0.8Nd0.2HfTi 1.8Al0.8O7 was studied and compared to that of 

neodymium in Ca0.8Nd0.2ZrTi1.8Al0.8O7. It appeared that EPR and optical 

                                                           
47 As discussed in §IVB.1, Th4+ ion is sometimes considered as Pu4+ ion surrogate.  
48 Th4+ ion is the biggest tetravalent ion of the periodic classification. 
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absorption spectra were very similar for the two ceramics. Simulations of EPR 

and optical absorption spectra by respectively two and three components, showed 

that both the g-tensors and the absorption bands position were not very sensitive 

to the nature of tetravalent cation (Zr4+ or Hf4+) in Zr(1) site. Moreover, the effect 

of the crystal field on the splitting of the neodymium 4I9/2 state (Figure 43a) was 

very similar in the two matrices [243]. As for Zr-zirconolite, the different 

neodymium environments can be attributed to Nd3+ ions in Ca sites with disorder 

in their neighborhood. The existence of this disorder around Nd3+ ions is also 

probably due to the statistical occupancy of the splitted Ti(2) site by Al3+ and Ti4+ 

ions (Figure 44). All these results confirm the absence of significant effect of the 

replacement of Zr by Hf in the zirconolite structure and more particularly on Nd3+ 

ions environment. Consequently, zirconium can be totally replaced by hafnium to 

prepare zirconolite ceramic waste forms. 

 

 

IV.C.   Zirconolite-based glass-ceramic as specific waste form for MA 

immobilization 

In this part we present the main results concerning the studies performed in our 

laboratories on zirconolite-based glass-ceramics. The definition and the main 

principles of glass-ceramics preparation were given in §III (Figure 10). Examples 

of glass-ceramic waste forms for the immobilization of non separated or separated 

wastes were also given in §III.  

 

IV.C.1 Previous works on glass-ceramics containing zirconolite crystals 

Several studies reported in literature on glass composite waste forms shown that 

zirconolite could crystallize in the bulk of different glass compositions containing 

relatively high amounts of TiO2 and ZrO2. However, in all these studies, 

zirconolite crystals generally occurred with numerous others crystalline phases. 

One of the first works published on such materials concerned iron-enriched basalt 

with TiO2 and ZrO2 envisaged for the conditioning of high-level defense wastes 

[244]. An optimum composition and cooling cycle from the melt enabled 

crystallization of zirconolite but also of pseudo-brookite and augite. Moreover, 

using results of lixiviation tests, the authors of this paper [244] indicated that Am, 

Pu and Cm were incorporated into the zirconolite phase whereas neptunium 
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probably remained in the residual glassy phase. More recently, Kong et 

al.[245,246] also published a study on the crystallization of zirconolite in iron-

enriched basalt glasses by isothermal treatments between 1000 and 1200°C 

(without nucleation stage) or by controlled cooling of the melt in order to develop 

waste forms to immobilize transuranic elements (simulated by lanthanides in their 

work) occurring in low-level wastes. The aim of these authors was to incorporate 

actinides into the zirconolite phase. They shown that zirconolite was formed in 

the bulk of their samples but additional crystalline phases (spinel, pyroxene, and 

plagioclase for instance) were also observed in the residual glass. However, 

actinide surrogates were preferentially incorporated into zirconolite crystals. A 

complex borosilicate glass-ceramic waste form containing zirconolite crystals was 

also proposed for the immobilization of Pu [106]. In this work, about ten different 

crystalline phases were identified coexisting with zirconolite. Moreover, the 

authors indicated that Pu was mainly incorporated in zirconolite and zirconia 

crystals. Other complex glass-ceramic materials containing zirconolite were 

developed by Feng et al. [247]. The crystallization of zirconolite with others 

phases (such as ZrO2, ZrTiO4, ZrSiO4, TiO2) was also observed by Lin et al. [248] 

in B2O3-SiO2-Al2O3-CaO-ZrO2-TiO2 glasses. 

Nevertheless, to the best of our knowledge, preparation of glass-ceramic samples 

with zirconolite as the only crystalline phase in their bulk was reported for the 

first time by Fillet et al. [101,102] in the context of the French research on 

enhanced separation and conditioning of long-lived radionuclides occurring in 

HLW solutions. These materials were developed in order to immobilize separated 

MA. In their study, neodymium was used as trivalent MA surrogate. Their parent 

glass composition belonged to the SiO2 – Al2O3 – CaO – TiO2 – ZrO2 system and 

the glass-ceramics were obtained by controlled thermal treatment of the parent 

glass. Using starting glass compositions close to the ones developed by Fillet et 

al. [101,102], numerous studies were then performed in our laboratories in order 

to improve both the amount of zirconolite in the glass-ceramics and the 

partitioning ratio of MA surrogate between residual glass and zirconolite crystals. 

These works that concerned mainly the study of bulk and surface crystallization, 

the effect of parent glass composition and of the crystal growth temperature on 

the nature and the structure of the crystals, the effect of the concentration and 
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nature of MA surrogates on bulk and surface crystallizations are presented in the 

next paragraphs. 

 

IV.C.2 Synthesis and characterization of zirconolite-based glass-ceramics  

In the next paragraph, we present the compositions and the method used to 

prepare parent glasses and zirconolite-based glass-ceramics. Results concerning 

the effect of heat-treatment temperature and of parent glass composition changes 

on both the microstructure of glass-ceramics and on the structure and composition 

of the crystals formed, will be largely developed in the following paragraphs. 

 

IV.C.2.a Synthesis of parent glasses and preparation of glass-ceramics 

In this paragraph, two glass compositions (A and B) leading to only zirconolite 

crystals in their bulk after appropriate thermal treatments will be considered 

(Table XXIII ). Glass A is a composition without neodymium whereas in glass B, 

6 wt% Nd2O3 were added to simulate trivalent MA (see §IV.B.1.). Concentration 

ratios between the other oxides were kept constant for the two glasses. 

Composition B is very close to that reported by Fillet et al. [101]. It must be 

noticed that if we consider molar concentrations, 6 wt% Nd2O3 (1.27 mol%, 

Table XXIII ) is equivalent to 9 w % Am2O3 which is approximately the amount 

of MA (≈ 10 wt%) aimed to immobilize in specific waste forms.  

If we consider only the three oxides SiO2, Al2O3 and CaO, the corresponding 

glass) composition is located near the SiO2 rich eutectic point of the ternary SiO2-

Al2O3-CaO phase diagram [249]. The glasses belonging to this ternary system are 

known to be easy to melt, to exhibit a good chemical durability and a low bulk 

crystallization tendency [|89,250]. This last point was important in our case 

because we wished to avoid the nucleation and growth of silicate crystals in the 

bulk of the glass at the expense or at the same time as zirconolite crystals. Table 

XXIII  shows that TiO2 and ZrO2 were added to the SiO2-Al2O3-CaO basic ternary 

composition in a molar ratio [Ti]/[Zr]≈2.2. This ratio is only slightly higher than 

the molar ratio corresponding to stoechiometric zirconolite (CaZrTi2O7). The high 

TiO2 and ZrO2 concentrations in glasses A and B were introduced in order to 

promote zirconolite crystallization. The lack of boron, the very low concentration 

of sodium and the high concentrations of zirconium, titanium, calcium and 

aluminum in glass compositions suggest a high chemical durability both for the 
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parent glass and for the corresponding glass-ceramics obtained after partial 

crystallization. In parent glasses, silica is only expected to dissolve the main 

oxides (CaO, Al2O3, Na2O, ZrO2, TiO2) and Nd2O3, but SiO2 is expected to 

remain totally in the residual glass after partial crystallization of zirconolite in the 

bulk because Si4+ ions do not enter into the zirconolite structure49. This kind of 

glass-ceramic is thus different from classical ones (belonging for instance to the 

SiO2-Al2O3-MgO-Li2O system) for which SiO2 is one of the main components of 

the crystalline phases formed after thermal treatments. The occurrence of alumina 

in parent glass compositions is also very useful for the charge compensation of 

neodymium ions in zirconolite crystals (see charge compensation scheme (1) in 

§IV.B).  

Powder mixtures (50 g) were prepared by thorough mixing of reagent grade 

oxides (SiO2, Al2O3, TiO2, ZrO2, Nd2O3) and carbonates (CaCO3, Na2CO3), 

melted and refined at 1550°C for 10 h in Pt crucibles (Figure 47). Melts were 

poured in water in order to obtain a glass frit, ground and melted again for 4 h at 

1550°C to ensure glass homogeneity. The melts were then cast in cylindrical 

metallic molds and the glass samples were annealed at 775°C for 2 h (i.e. at a 

temperature slightly higher than Tg) and slowly cooled to room temperature in 

order to relieve internal stresses. The glass samples were fully transparent and x-

ray amorphous (Figure 48). Chemical analysis of glasses did not reveal 

significant deviations from nominal compositions. This is not surprising because 

(except a small Na2O amount) none of the oxides present in glass compositions 

were volatile. The glass transformation temperature for glasses A and B were 

similar: Tg≈760°C. This temperature is more than 250°C higher than that of 

borosilicate nuclear glasses. This strong difference can be explained by the lack of 

B2O3 and the very small amount of alkalis in parent glass compositions.  

Concerning the structure of parent glasses, several experiments using 

spectroscopic techniques were performed in order to study the environment 

around four cations (Ti3+, Zr4+, Nd3+, Al3+) occurring in parent glass B. For 

instance, EPR study of the small amount of paramagnetic Ti3+ ions formed during 

glass melting at 1550°C, revealed that titanium ions environment could be 

described by a C4v or D4h symmetry [207]. This could correspond to a square 

                                                           
49 Nevertheless, it will be show below that two crystalline silicate phases (titanite, anorthite) may 
form near glass surface by heterogeneous nucleation process.  
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pyramidal O=TiO4 or to a six-fold coordinated octahedron axially compressed. 

The coordination numbers involved in such geometries are close to the ones 

encountered in zirconolite (6 and 5) which is aimed to crystallize by heat 

treatment of the glasses. Moreover, Zr-K edge EXAFS spectra showed that Zr4+ 

ions occupied well defined 6-7 coordinated sites by oxygen at 2.20 ± 0.01 Å, 

close to the ones of zirconolite (Table XX) [251]. These results concerning 

titanium and zirconium are in agreement with the nucleating role of TiO2 and 

ZrO2 reported in literature [88]. Indeed, in the case of zirconolite-based glass-

ceramics, the similarities between the sites occupied by titanium and zirconium in 

parent glass and in zirconolite could predispose parent glass to zirconolite 

nucleation. Concerning Nd3+ ions, optical absorption spectroscopy and EXAFS 

results agree to describe Nd environment as being constrained by the glassy 

network with coordination number and Nd-O distance significantly greater than 

Ca-O and Zr-O distances in zirconolite (Table XX) [251]. Indeed, Nd occupied a 

highly distorted 8-9-fold coordinated site in the parent glass with oxygen atoms at 

2.53 ± 0.02 Å. Therefore, Nd3+ ion cannot act as a nucleating agent for zirconolite 

crystallization. Moreover, no second neighbors could be clearly identified by 

EXAFS at distances lower than 4 Å around Nd. However, the study of Nd optical 

fluorescence decays in glass B suggested a strong interaction between Nd3+ ions 

which is likely to originate from a mean Nd-Nd distance lower than the statistical 

one [207]. 27Al MAS-NMR study of glass A (without paramagnetic Nd3+ ions) 

showed that aluminum seems to enter glass network predominantly in four fold 

coordination [252]. This result suggests that modifier cations such as Ca2+ and 

Na+ ions are present in sufficient concentrations in glass A to compensate all 

[AlO 4]
- units. Indeed, as the molar ratio ([CaO] + [Na2O])/ [Al 2O3] = 3.11 > 1 for 

glass A (Table XXIII ), the calcium and sodium oxide contents in this glass are 

higher than that needed for ensuring a full compensation of [AlO4]
- units. 

Nevertheless, 27Al MQ-MAS-NMR (Multi Quanta-Magic Angle Spinning-

Nuclear Magnetic Resonance) experiments are in progress in order to study if 

small amount of 5- or 6-fold coordinated aluminum is present in glass A. 

Moreover, Ca2+ and Na+ ions are also expected to act as charge compensators near 

the negatively charged titanium and zirconium polyhedra in glass structure 

[253,254].  
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IV.C.2.b Preparation and characterization of zirconolite-based glass-ceramics 

The zirconolite-based glass-ceramics were prepared by a two step heat treatment 

(nucleation + crystal growth, see §III.B.3.a.and Figure10) of parent glasses. After 

annealing, parent glasses were firstly nucleated at TN=810°C for 2 h (Figure 49). 

This temperature was slightly higher than Tg (760°C) and Tmax (790°C). Tmax 

corresponds to the temperature at which the zirconolite nucleation rate is maximal 

(Figure 50). After nucleation, the samples were immediately transferred in a 

furnace preheated at Tc = 1050 or 1200°C for crystal growth during 2 h. All 

furnaces were preheated at the corresponding nucleation and crystal growth 

temperatures in order to avoid embarrassing crystallization phenomena that can 

occur during a slow heating or cooling of samples between Tg and Tliq. The 

opaque glass-ceramics obtained were then directly annealed at 775°C for 2h 

(Figure 51). After cooling, the samples were cut in order to isolate the bulk from 

the surface to study separately by XRD, SEM and EDX the nature and the 

structure of phases crystallizing in their bulk and near their surface. 

After cutting, a difference was observed visually between bulk and 

surface. A crystallized surface layer with a thickness depending on Tc (Figure 52) 

grown inward from the surface (heterogeneous crystallization) and was clearly 

different from the bulk (internal crystallization). For instance at Tc=1200°C, the 

thickness of the crystallized layer was about 900 µm and decreased to 200 µm at 

Tc=1050°C. XRD and SEM studies confirmed that different crystalline phases 

nucleated and grown in the bulk and from glass samples surface. The XRD 

patterns recorded for the bulk and the surface layer separated after cutting are 

shown in Figure 53, for glass A heat treated at Tc=1200°C. For the two parent 

glasses, zirconolite was the only crystalline phase nucleating and growing in the 

bulk for Tc=1000 and 1200°C. However, crystallization of titanite (CaTiSiO5) and 

anorthite (nominally CaAl2Si2O8) occurred near sample surface for these two 

temperatures. Small crystals of baddeleyite (nominally ZrO2) were also observed 

near sample surface at Tc=1200°C. The contribution of residual glass to the XRD 

pattern (presence of a broad diffusion at low angle on the pattern, as in Figure 

53a) was still important for the bulk (Figure 53c) whereas crystallization was 

stronger for the surface layer (Figure 53b). These results are confirmed by SEM 

observations (Figure 54). For Tc=1200°C, elongated zirconolite crystals grown in 

the bulk. However, for Tc=1050°C zirconolite crystals have a dendritic shape 
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(Figure 53a). Using EDX, it was possible to analyze the composition of the 

crystals formed in the bulk and near the surface at Tc=1200°C (the very fine 

microstructure of the zirconolite crystals formed at 1050°C prevented to perform 

accurate analysis of their composition by EDX):   

- Glass A: zirconolite (Ca0.97Zr1.07Ti1.90Al0.06O7) in the bulk; titanite 

(Ca0.99Ti0.78Zr0.23Al0.02Si0.98O5) and anorthite (Ca0.78Na0.17€0.05Al1.73Si2.27O8 where 

€ represents calcium vacancies) in the crystallized layer. 

- Glass B: zirconolite (Ca0.82Nd0.19Zr1.05Ti1.77Al 0.17O7) in the bulk; titanite 

(Ca0.89Nd0.11Ti0.69Zr0.22Al0.11Si0.98O5), anorthite (Ca0.77Na0.19€0.04Al1.73Si2.27O8) 

and baddeleyite (Zr0.93Ti0.07O2) in the crystallized layer. 

These results show that Nd3+ ions enter preferentially into the calcium site of 

zirconolite crystals (in the bulk of the glass-ceramics) and the calcium site of 

titanite crystals (in the surface crystallized layer). For these two crystalline 

phases, the charge compensation was ensured by the simultaneous incorporation 

of Al3+ ions in titanium sites. Consequently for glass B, the charge compensation 

scheme (1) is more efficient to enable incorporation of neodymium into 

zirconolite than scheme (3) by self-compensation. This preference was confirmed 

by spectroscopic studies. Thus for glass B heat treated  at 1200°C, nearly 20% of 

the Ca site of zirconolite crystals are occupied by Nd, the charge compensation 

being insured by the partial substitution of Ti4+ ions  by Al3+ ions as in ceramics 

(see §IVB.3.).  

Moreover, EDX results indicate that titanite is the only crystalline phase of the 

crystallized layer that incorporates neodymium, but to a less extend than 

zirconolite. We can consider that the presence of titanite near the surface of the 

glass ceramic is not a serious problem for the application envisaged here. Indeed, 

we saw in §III.B.3.b that titanite-based glass-ceramics were envisaged by 

Canadians to incorporate HLW solutions and titanite is known to be a good 

actinide-host phase [94]. It appears that Ln3+ ions are only incorporated in the 

calcium site of the titanite structure (there is only one type of calcium site in this 

structure and this site is 7-fold coordinated with oxygen anions [255]) because the 

tetrahedral silicon and the octahedral titanium sites are too small. This result is in 

agreement with the results of Higgins et al. for natural titanite samples [256]. In 

our glass-ceramic samples, the positive charge excess due to Ln3+ ions 
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incorporation in the calcium site of titanite is compensated by the simultaneous 

incorporation of Al3+ ions probably both in the titanium and silicon sites.  

EDX results also showed that neodymium did not enter into the anorthite crystals. 

Anorthite has a totally polymerized (tri-dimensional silicate) structure constituted 

of SiO4 and AlO4 tetrahedra without non-bridging oxygen atoms [257]. This 

compact structure could explain the difficulty to incorporate neodymium in 

anorthite. Moreover, the lack of heavy elements in anorthite crystals explains why 

they appear as black crystals on the back-scattered SEM images (Figure 54d). 

EDX also showed that for A and B compositions, nearly 20 % of the calcium sites 

of the anorthite crystals (nominal composition CaAl2Si2O8) were occupied by 

sodium ions. Therefore, this silicate phase must be more rigorously called 

plagioclase rather than anorthite [257]. However, for practical reasons, we will 

continue to use the name anorthite for this phase in this chapter. It is interesting to 

notice that this phase was the only crystalline phase to incorporate Na+ ions in our 

glass-ceramics.   

Area integration of zirconolite crystals in SEM images (Figure 54c) indicated that 

no more than 13 vol% zirconolite formed in the bulk of glass B at Tc=1200°C. 

This value is lower than the one calculated by assuming that all ZrO2 of parent 

glass was used to form crystals (17 vol%) because a part of ZrO2 remains in 

residual glass as shown by EDX (SiO2 (46.59), Al2O3 (13.38), CaO (20.26), TiO2 

(8.53), ZrO2 (4.22), Nd2O3 (5.84), Na2O (1.14) in wt%). In order to increase the 

amount of zirconolite crystals formed in the bulk of the glass-ceramics and the 

concentration of neodymium in these crystals, both parent glass composition and 

crystallization conditions (temperature and duration of crystal growth) were 

modified  (see § IV.C.2.d,e). 

The crystallization of glass B was also followed by DTA. This technique is 

classically used to study glass crystallization processes (which occur in the bulk 

and from the surface during heating, exothermic effects) and crystals melting 

(endothermic effects). In order to investigate nucleation mechanisms 

(surface/bulk) occurring during heating of glass B, the as quenched glass was 

crushed and sieved to obtain four different particle size fractions (<20, 125-250, 

400-800, 1600-2000 µm). A massive sample was also studied. In this last case, 

the number of surface crystallization sites was minimal. Figure 55 indicates a 

strong evolution of the position and width of exothermal effects C1, C2 and C3 
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when the particle size increases. In order to attribute the main exothermic effects 

observed on the DTA curves, 200 to 400 mg of as quenched glass B with same 

particle size were heated (at the same heating rate) at the corresponding 

temperatures in a classical furnace and were then quenched to room temperature. 

The partially devitrified samples obtained were then characterized by XRD. 

Details results of this study are reported in [258]. The main conclusions of this 

DTA study are the following: 

- The most intense exothermic peaks C2 and C3 are respectively due to titanite 

and anorthite crystallization from sample surface after heterogeneous nucleation. 

The crystallization sequence observed during heating (1st-titanite and 2nd-

anorthite) seems to indicate that anorthite begins to grow in the residual glass 

remaining between the elongated titanite crystals. The activation energy Ec 

associated with crystal growth of titanite and anorthite (493 and 405 kJ.mol-1 

respectively) were determined using the Kissinger or Ozawa methods [258,259].  

- The small and broad exothermic effect C1 is not due neither to titanite nor to 

anorthite crystallization. It is more probably associated with zirconolite 

crystallization from sample surface. The low crystal growth rate of zirconolite 

u(Z) in comparison with titanite and anorthite phases, respectively u(T) and u(A) 

(see below), may explain the weak amount of zirconolite formed in the surface 

crystalline layer [258]. It is important to underline that no thermal effect 

associated with crystallization events in the bulk of the glass was detected by 

DTA for glass B even for the massive sample. This is due to the low zirconolite 

nucleation and crystal growth rates in glass bulk for this composition in 

comparison with the ones of silicate phases growing from surface [260]. Thus, 

during DTA runs, the energy evolved by zirconolite crystallization in the bulk 

was too weak to be detected. The endothermic effects observed near 1260°C are 

associated with the melting of titanite and anorthite crystals. 

For glass B, two other methods (without nucleation step at 810°C) were used 

to study the crystallization tendency of undercooled melt. The results obtained are 

widely detailed in [20] and show that for T≥1050°C, zirconolite can nucleate 

heterogeneously on samples surface (Figure 56b) or on sporadic sites probably 

preexisting in the melt (Figure 56a). Thus, for T≥1050°C, IZ
hom(T)≈0 and 

IZ
het(T)>>IZ

hom(T), IZ
hom(T) and IZ

het(T) being respectively the zirconolite 

homogeneous and heterogeneous nucleation rates at T in composition B. This 
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result is in agreement with the nucleation rate curve of zirconolite in the bulk 

(homogeneous nucleation) shown Figure 50. Consequently, in these conditions 

(i.e. without nucleation step), the number of zirconolite crystals in the bulk is low 

and crystals are big (Figure 56a). Such methods are thus not efficient to prepare 

zirconolite-based glass-ceramic waste forms. The small size of the zirconolite 

crystals obtained using nucleation and crystal growth steps from glass samples 

(Figure 49) is more adapted to MA immobilization because it will reduce the 

risks of microfracturation of the waste form under α self-irradiation. (see 

§III.B.3.c.). Another interesting result of this study, is that for T≥1050°C: 

IZ
het(T)>>IS

het(T),IA
het(T)≈0 (IS

het(T) and IA
het(T) being respectively the 

heterogeneous nucleation rates of titanite and anorthite at T) [20]. Indeed, neither 

titanite nor anorthite crystals were detected in the surface crystallized layer for 

T≥1050°C if the melt is transferred directly from 1550°C to T in a preheated 

furnace (Figure 56b). It was also shown that IS
het

max>>IZ
het

max and 

IA
het

max>>IZ
het

max where the subscript max refers to the maximum nucleation rates 

[20]. This last result indicates that the heterogeneous nucleation of titanite and 

anorthite on surface may occur very quickly during melt quenching and/or during 

glass heating. It is likely to happen in a temperature range slightly higher than Tg, 

where nucleation rates are generally known to be the highest. This implies that 

even a short stay of the undercooled melt in the temperature range where IT
het(T) 

and IA
het(T) are very high would then induce a strong effect on the nature of the 

crystalline phases growing from the surface at Tc. This can be one of the reasons 

why zirconolite was not observed in the crystallized layer (Figure 54b,d) for the 

glass-ceramics samples prepared using the method shown Figure 49. Moreover, 

concerning the crystal growth rates of zirconolite (uZ), titanite (uS) and anorthite 

(uA), it was also demonstrated that uS(T)>uA(T)>>uZ(T) at least for 

1050°C≤Tc≤1200°C [20]. Consequently, in order to favor the crystallization of a 

high number of zirconolite crystals in the bulk of the samples it is absolutely 

necessary to perform a nucleation step. Then, during the crystal growth step, the 

growth of zirconolite crystals in the bulk will strongly limit the development of 

titanite and anorthite from the surface towards the bulk of the samples.  

 

IV.C.2.c Stability of glass-ceramics after prolonged heating at 1050 or 1200°C  
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The evolution at high temperature (1050°C or 1200°C) of the nature of the 

crystalline phases formed in the bulk and near the surface of the glass-ceramics 

prepared following the method described in Figure 49 are reported in Table 

XXIV  for different thermal treatment durations (2-300h) at Tc=1050°C and 

1200°C. At 1200°C, these results clearly showed that titanite crystals, occurring 

initially in a thin crystallized layer near sample surface after 2 h thermal treatment 

(Figure 54d), have grown towards the bulk at the expense of zirconolite which 

almost totally disappeared (Figure 57a). This indicated that the zirconolite 

crystals formed initially in the bulk (Figure 54c) were unstable with respect to 

titanite and anorthite in the presence of the silica excess of the residual glass at 

Tc=1200°C. Thus, at high temperature and for long duration heat treatments, 

titanite crystals grown from the surface towards the bulk leading to progressive 

disappearance of zirconolite crystals. In this case, the excess of ZrO2 (which is 

only partially incorporated in the titanite crystals, see EDX results above) 

precipitated as baddeleyite crystals in the residual glass (Figure 57a). The same 

phenomena could explain the origin of the baddeleyite crystals observed above in 

the surface crystallized layer (Tc=1200°C, Figure 54d). The growth of titanite at 

the expense of zirconolite could be explained by the existence of a competition 

between these two phases to incorporate Ti, as it is one of the main elements 

constituting these two crystalline phases. At 1050°C, the progress of titanite 

crystals towards the bulk became very slow in comparison with anorthite (Figure 

57b). This can be due to the increase of melt viscosity at 1050°C, slowing down 

diffusive processes in the undercooled melt. Even after 300 h at 1050°C, a high 

amount of zirconolite remained in the bulk [20].  

Thus, the results obtained for glass B for different durations of heat treatment 

showed that the zirconolite crystals initially formed in the bulk were not stable. 

Indeed, titanite appears as the most stable phase incorporating Ti in this case. For 

kinetics reasons due to its relatively high homogeneous nucleation rate IZ
hom(T), 

zirconolite is the only crystalline phase which nucleates and grows in the bulk. 

However, studies performed by Vance et al. [261], mixing and firing (at 1280°C 

for 2 days) titanite and zirconolite phases (without other silica-rich phase), 

showed that these two phases were compatible. In our case (glass B), it is 

probably the occurrence of a silica-rich residual glass coexisting with zirconolite 

crystals which is at the origin of their instability in comparison with titanite 
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crystals that are able to incorporate silicon in their structure. In order to reduce the 

risks of progression of the titanite crystals from the surface of the glass at the 

expense of zirconolite crystals formed in the bulk, Tc must not be too high 

(Tc<1200°C) and the duration at this temperature must not exceed 20 h. It is very 

important to underline that if MA (≤10 wt. %) are incorporated in such glass-

ceramics, the internal temperature of the waste form will never exceed 400°C 

during disposal. In this temperature range, zirconolite would remain kinetically 

stable and no long-term evolution of both the structure and microstructure of the 

glass-ceramics is expected (T<Tg). 

 

IV.C.2.d Effect of crystal growth temperature on crystals structure and 

microstructure 

For the glass-ceramics prepared from glass A using the method described Figure 

49, a clear evolution of the zirconolite XRD patterns and lattice parameters was 

observed with Tc. Figure 58a,b shows that splitting of several XRD lines (35.5°, 

42° and 59.5°) and intensity of low angle (15-30° 2θ) diffraction lines increase 

with Tc between 1000 and 1200°C. This evolution also exits for the glass-

ceramics prepared from glass B but is less evident. The XRD pattern of a 

zirconolite ceramic sample prepared by solid state reaction is also shown in 

Figure 58e for comparison. It is very similar to the one recorded for the glass-

ceramic prepared at Tc=1200°C (Figure 58a). XRD patterns evolution with Tc 

can be explained by an ordering of Ca2+ and Zr4+ ions in (Ca,Zr) planes (Figure 

36) along with a lattice parameters variation. A confirmation of this hypothesis is 

given in Figure 58c,d in which calculated XRD patterns assuming either an order 

or a disorder in Ca and Zr sites occupancy, for the sample prepared at Tc=1000°C, 

are plotted. Comparison of the experimental and calculated patterns clearly shows 

that Ca2+ and Zr4+ ions are not ordered for Tc=1000°C. Moreover, it can be shown 

that for Tc = 1200°C, the cationic ordering (organization of Ca2+ and Zr4+ rows) 

and the cell parameters get closer to the ones of zirconolite ceramic. This 

evolution of zirconolite structure in glass-ceramics with crystal growth 

temperature Tc is similar to the one reported by Vance et al. [226] for zirconolite 

ceramic (CaZrTi2O7) prepared at increasing temperature (from 600 to 1400°C) 

from an amorphous alkoxide precursor. These structural evolutions with T are due 

to the increase of thermal energy available for diffusion processes in zirconolite 
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crystals. Thus, the order in zirconolite (Ca,Zr) planes increases with Tc. 

Moreover, SAD and HRTEM studies of the zirconolite crystals formed in the two 

glass-ceramic samples (Tc= 1000 and 1200°C) shows that the density of extended 

defects in crystals decreases with Tc [262].  

For parent glasses A and B, the effect of the crystal growth temperature Tc 

between 950 and 1350°C on both the microstructure of the glass-ceramics and the 

structure of the crystals formed in the bulk was studied. The results obtained for 

the two glasses were very similar and are summarized in Figure 59. The 

evolution of XRD patterns and SEM images of the bulk of the samples are shown 

respectively in Figures 60 and 61. For 1050°≤Tc≤1200°C, the results were 

already described in § IV.C.2.b. For Tc>1200°C, globular baddeleyite crystals 

form in the bulk of the glass at the expense of zirconolite (Figure 61e,f). At 

Tc=1250°C, isolated zirconolite and baddeleyite crystals coexist whereas, above 

Tc=1300°C, only scarce zirconolite crystals nucleate on the surface of ZrO2 

crystals by heterogeneous nucleation (Figure 61f). This results show that thermal 

treatments at Tc>1200°C must be avoided in order to obtain zirconolite as the 

only crystalline phase in the bulk. For Tc = 950°C, dendritic crystals have grown 

in the bulk of the glass (Figure 61a). XRD shows that these crystals consist of a 

mixture of zirconolite and fluorite-type phases [44]. However only one kind of 

crystal morphology is observed by SEM. For Tc=1000°C, no more crystals having 

the fluorite structure are detected by XRD but there is no significant 

microstructural evolution in comparison with the sample prepared at Tc=950°C 

(Figure 61b). Therefore, it can be deduced that fluorite transforms totally into 

zirconolite between 950 and 1000°C for a 2h crystal growth stage. The fluorite-

type phase probably corresponds to a highly cationic disordered zirconolite. 

Indeed, a structural relationship can be established between fluorite and 

zirconolite because this last phase can be described as a fluorite superstructure 

[203]. It is interesting to notice that the same sequence of crystallization has been 

reported for the preparation of zirconolite ceramic from an alkoxide precursor 

[226]. 

In order to elucidate the nature of the nuclei formed in the bulk during the 

nucleation step, complementary studies were performed on a sample obtained 

after nucleation thermal treatment of glass B at TN=810°C for 240 h. The sample 

was slightly opalescent and no surface crystallization was observed. XRD pattern 
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did not reveal any crystallisation. Nevertheless, TEM observations show that 

scarce dendritic crystals have nucleated and grown with a very low crystal growth 

rate in the bulk of the glass. Their diameter was about 300-400 nm. SAD showed 

that these dendritic crystals were fluorite-type single crystals (lattice parameter a 

= 5.03 Å ± 0.2 Å). This result is not surprising because the same kind of 

microstructure was observed at Tc=950°C (Figure 61a) for which it was shown 

that the crystalline phase had mainly a fluorite structure. It seems reasonable to 

assume that fluorite (corresponding to a highly disordered form of zirconolite) 

nucleates homogeneously in the bulk of the glass. The fact that ordered 

zirconolite does not nucleate directly is in agreement with a general trend 

observed for the crystalline phases formed in glass-ceramics indicating that the 

lower the crystallization temperature, the more disordered the crystalline phases 

that form (increase of Tc facilitates the displacement of cations in crystals and 

thus structural ordering) [263]. It is interesting to notice that careful observations 

of the nucleated glass does not reveal any glass-in-glass phase separation which 

shows that nucleation occurs in an homogeneous glass. All these results seem to 

indicate that fluorite nucleation in glass B is homogeneous (i.e. the nature of the 

nuclei is similar to that of the crystals). 

 

IV.C.2.e Effect of composition changes of parent glass on glass-ceramics 

characteristics 

 

IV.C.2.e.1 Increase of (CaO, ZrO2, TiO2) concentration in parent glass  

In order to increase the amount of zirconolite crystals in the bulk of the glass-

ceramics, two parent glass compositions (C, D) derived from glass B were 

prepared (Table XXV). The relative molar ratios of SiO2, Al2O3 and Na2O were 

the same as for glass B. However, in order to increase the amount of zirconolite 

crystals in the bulk of the glass-ceramics, the concentrations of CaO, ZrO2 and 

TiO2 (the three oxides constituting zirconolite) were increased in parent glass 

composition. Glass C was prepared as glass B. However, because of the high 

amount of ZrO2 in composition D, this glass was melted at 1650°C. The glass 

transformation temperatures were similar for glasses B, C and D. Glass-ceramics 

were prepared using the method described Figure 49 at Tc=1050°C and 1200°C.  
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The XRD patterns recorded for the bulk of glass-ceramics B, C and D (not 

shown) indicated that zirconolite was the unique crystalline phase to form, 

independently on the composition of parent glass. Moreover, the zirconolite 

lattice parameters and the compositions determined by EDX (Tc=1200°C) were 

very similar for the three samples [103]. SEM micrographs shown in Figure 62 

clearly indicated a strong and progressive increase of the degree of crystallinity of 

the glass-ceramics when ZrO2, TiO2 and CaO concentrations were raised. SEM 

images analysis indicated that the amount of crystalline phase was approximately 

9, 14 and 19 vol% respectively for the glass-ceramics B, C and D prepared at 

Tc=1200°C. This result was confirmed by the monotonous increase of the 

intensity of the zirconolite XRD lines (Figure 63a). The dendritic microstructure 

of the zirconolite particles formed at Tc=1050°C in glass B (Figure 62a) became 

hardly to observe for glasses C and D (Figure 62b,c). For these two samples, the 

size of the zirconolite particles strongly decreased (≈100 nm) and their number 

strongly increased. A similar evolution between the three compositions was 

observed for the glasses heat-treated at Tc=1200°C. These results clearly indicated 

that when the parent glass composition changed from B to D, the number of 

nuclei formed during the nucleation stage at Tn=810°C strongly increased. 

Consequently, the corresponding zirconolite nucleation rates at 810°C in the bulk 

Ibulk for the three glasses can be ranked in the following order: 

Ibulk(A)<Ibulk(B)<Ibulk(C). This evolution can be explained by an increase of the 

zirconolite crystallization driving force (corresponding to the free energy 

difference |∆Gc| between the partially crystallized glass-ceramic and the 

undercooled melt) due to ZrO2, TiO2 and CaO enrichment in the parent glass. 

Such glass compositions changes towards the composition of the crystallizing 

phase (zirconolite) are well known to raise |∆Gc| [60]. The nucleation rate 

evolution observed could be also explained by a decrease of the nuclei-liquid 

interfacial energy σ and/or of the nucleation kinetic barrier (decrease of the 

activation energy associated with small distance diffusion near the surface of 

nuclei) [264].  

The DTA curves of parent glasses B, C and D are shown in Figure 64. For glass 

A, we observe only broad exothermic effects that were attributed to the 

crystallization of titanite (C2) and anorthite (C3) from surface (Figure 55). The 

narrower exothermic effects F and Z detected for glasses C and D (Figure 64) can 
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be attributed respectively due to the crystallization of a fluorite-type phase 

(probably similar to the one detected in glass A heat treated at Tc=950°C (Figure 

60b)) and to its reorganization (cationic ordering) into zirconolite structure at 

higher temperature. It can be noticed that the DTA peak Z associated with the 

transformation of fluorite into zirconolite occurs at Tp ranging from 1022°C (glass 

D) to 1029°C (glass C). These values are very similar to that reported by Vance et 

al. [226] for the same phase transformation for a zirconolite alkoxide precursor 

(Tp=1025°C). Moreover the peaks F and Z do not significantly change (shape and 

position) for the different glass particle sizes [258]. This indicates that contrarily 

to titanite and anorthite, these peaks are associated with a crystallization process 

in the bulk. The fact that peak F is not detected for glass A and shifts to lower 

temperatures when we compare glasses C and D (Figure 64) can be explained by 

a higher nucleation rate – and consequently a higher crystallization rate - when 

the amounts of ZrO2, TiO2 and CaO are increased, due to a higher zirconolite 

crystallization driving force. Thus, DTA study of glasses C and D confirms the 

crystallization in the bulk of a fluorite-type phase at relatively low temperature 

and its irreversible transformation by cationic ordering into zirconolite for 

T>1000°C. Consequently, the following nucleation and crystallization sequence 

can be proposed with increasing temperature: glass → homogeneous nucleation of 

a fluorite-type phase (760°≤T≤830°C) → crystal growth of the fluorite-type phase 

(T<1000°C) → transformation of the fluorite-type phase into zirconolite 

(T≥1000°C).  

Using EPR, it is possible to determine the percentage R of Nd3+ ions incorporated 

in the zirconolite crystalline phase formed in the bulk of the glass-ceramics. 

Indeed, Nd3+ ion (4f3) can be used as a paramagnetic local probe, sensitive to the 

structure of its host phase. For instance, Figure 65 shows the EPR spectra of 

neodymium in parent glass B, in the bulk of the corresponding glass-ceramic 

prepared at Tc=1050°C and in Ca0,8Nd0,2ZrTi1,8Al0,2O7 ceramic sample prepared 

by solid state reaction. All ESR spectra are very broad and asymmetrical, which is 

characteristic of neodymium powder spectra [265] but are quite different for the 

different matrices. This indicates that neodymium environment strongly differs 

between these materials and that neodymium is an excellent local probe. The 

asymmetry of all the spectra indicates that Nd3+ ions are located in low symmetry 

sites. Details and results concerning Nd3+ spectra simulation in parent glass B and 
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glass-ceramics are reported in [266]. Concerning the bulk of glass-ceramic B, 

EPR signal can be simulated as a linear combination of two neodymium signals 

(Figure 65b): the first one corresponding to Nd3+ ions remaining in the residual 

glass whose spectrum is close to the one of the corresponding parent glass 

(Figure 65a), and the second one corresponding to neodymium incorporated in 

the zirconolite crystalline phase (Figure 65c). This interpretation was justified by 

the fact that the resulting spectrum, obtained after removing the glassy component 

(Figure 65a) from the glass-ceramic bulk spectrum (Figure 65b), is analogous to 

the spectrum of the neodymium-doped zirconolite ceramic (Figure 65c). A 

quantitative analysis of the ESR spectra of the bulk was then performed in order 

to estimate the amount of neodymium incorporated in zirconolite crystals. A 

partitioning ratio R equal to the molar percentage of neodymium incorporated in 

zirconolite can be calculated. As the double integral of ESR spectra is 

proportional to the quantity of probed paramagnetic ions (Nd3+), R was calculated 

by dividing the double integral IZ of the signal associated with zirconolite 

(isolated from the residual glass contribution as shown in Figure 65b) by the 

double integral IGC of the global spectrum including residual glass and zirconolite 

contributions: R = IZ / IGC. Using this method for glass-ceramics B and D (Figure 

66), the R values obtained for Tc=1050°C and 1200°C are shown in Figure 63b. 

A strong increase of the contribution of Nd3+ ions in the zirconolite phase was 

observed between glasses B and D. It clearly appears that R increases with the 

amount of zirconolite in glass-ceramic as expected from SEM results (Figure 62). 

For glass B, the decrease of R for the highest Tc value (1200°C) could be partly 

attributed to a decrease of the amount of crystals between the corresponding 

glass-ceramics. This can be associated with a higher solubility of zirconolite 

constituents in the melt when Tc increased. The difference between the R values 

for the two Tc temperatures was smaller for glass C and disappeared for glass D 

(Figure 63b). This shows that R evolution is mainly due to changes in the total 

amount of zirconolite between the samples (changing either Tc or glass 

composition). It is interesting to underline that approximately 43% of Nd3+ ions of 

the glass-ceramic D were incorporated in the zirconolite crystals in the bulk. For 

these ions, the glass-ceramic matrix thus acts as a double containment barrier.  
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IV.C.2.e.2 Other composition changes performed in order to try to increase 

zirconolite crystallization 

Other changes were performed on the composition of glass B in order to try to 

increase the quantity of crystals formed in the bulk of the glass-ceramics. In this 

paragraph, we will briefly present several results concerning the effect on 

zirconolite crystallization of total or partial replacement of ZrO2 by HfO2 and of 

Al2O3 concentration in parent glass composition.  

In §IV.B.3.b, we saw that it was possible to prepare (Zr,Hf)-zirconolite (CaZr1-

xHfxTi2O7, 0 < x ≤ 1) and Nd-doped Hf-zirconolite (Ca1-xNdxHfTi2-xAl xO7, 0 < x 

≤ 0.2) ceramics. Moreover, these studies showed that the crystalline structure of 

Hf- and Zr-zirconolite ceramics were the same and that the different environments 

of Nd3+ ions in these two ceramics were similar. Consequently, it was interesting 

to try to substitute either totally or partially Zr by Hf in the parent glass 

composition, in order to prepared (Zr,Hf)-zirconolite-based glass-ceramics. Parent 

glasses derived from glass B and belonging to the SiO2-Al 2O3-CaO-TiO2-(1-

x)HfO2-xZrO2-Nd2O3 (0≤ x ≤1) system were prepared with x=0.5 (glass 

B(Hf0.5)) and x=0 (glass B(Hf1)) (Table XXVI ). Thermal treatments performed 

at Tc=1050°C and 1200°C indicated that zirconolite-2M was the only phase to 

crystallize in the bulk of glasses B(Hf0.5) and B(Hf0). Similar structural and 

micro-structural evolutions as that of glass B were observed for these glass-

ceramics when Tc increased. Moreover, a mixture of (titanite + anorthite) also 

formed a crystallized layer on samples surface. The composition of zirconolite 

crystals (Tc=1200°C) was determined by EPMA: Ca0.85Nd0.21Hf1.08Ti1.71Al0.18O7 

(B(Hf0)) and Ca0.85Nd0.20Zr0.59Hf0.49Ti1.71Al0.16O7 (B(Hf0.5)). These compositions 

are equivalent to the one of zirconolite crystals formed in glass B at Tc=1200°C 

and show that nearly the same amount of neodymium was incorporated in the 

crystals (Al3+ ions ensuring mainly charge compensation). For x=0.5, it appeared 

that the Zr amount in crystals ([Zr]/[Hf])=1.2) was higher than in parent glass 

([Zr]/[Hf])=1) which could be explained by the slightly higher solubility of Hf in 

the undercooled melt in comparison with Zr [267]. However, Figure 67 shows 

that zirconolite nucleation rate in glass B(Hf0) was very low in comparison with 

glass B (Figure 54). This was also true for glass B(Hf0.5). Nucleation rate curve 

of Hf-zirconolite in glass B(Hf0) was determined and can be compared to that of 

Zr-zirconolite in glass B (Figure 68). It clearly appears that the maximum of the 
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nucleation rate was displaced towards lower temperature for B(Hf0) and 

decreases by approximately 3 orders of magnitude. These strong differences 

between glasses containing Hf and Zr could be partly explained by the higher 

solubility of Hf in undercooled melt (decrease of the zirconolite crystallization 

driving force). Moreover, the mass difference between Zr (91.2 g.mol-1) and Hf 

(178.5 g.mol-1) could also slow down the diffusion of Hf4+ ions in the nucleation 

temperature range (increase of kinetic barrier). Consequently, the total or partial 

replacement of zirconium by hafnium in parent glass composition does not enable 

to obtain a higher amount of zirconolite in the bulk of glass-ceramics. 

Nevertheless, this kind of materials could be interesting for Pu immobilization 

because Hf is a neutron poison able to limit criticality risks as in Hf-zirconolite 

ceramics. 

In order to study the effect of Al2O3 concentration in parent glass composition on 

the crystallization of zirconolite, two glasses derived from glass B (B(Al1), 

B(Al2)) were prepared by increasing or decreasing alumina content (Table 

XXVI ). For Tc=1050°C and 1200°C, zirconolite crystallization in the bulk was 

suppressed in glass B(Al2) whereas a crystallized layer made of only titanite 

crystals was formed on samples surface. The lack of zirconolite crystallization 

during heating could be explained by the increase of ZrO2 and TiO2 solubility in 

the undercooled melt B(Al2), inducing the decrease of zirconolite crystallization 

driving force and nucleation rate. The hypothesis of an increase of ZrO2 and TiO2 

solubility when Al2O3 concentration decreases can be explained by the increase of 

the amount of non-bridging oxygen anions (NBO) and of the amount of Ca2+ ions 

able to act as charge compensators in the structure of the glass and of the 

undercooled melt. As Ca2+ ions are known for their role of charge compensator of 

the negative charge excess of ZrOx (x~6-7) and TiOy (y~5) polyhedra, increasing 

the concentration of charge compensators would help Ti4+ and Zr4+ ions 

accommodation in the glass and undercooled melt structure. Indeed, Al3+ ions in 

silicate glasses are known to reduce the amount of NBO by associating with 

modifier cations such as Ca2+ cations (charge compensation of (AlO4)
- tetrahedra 

in the silicate network). Consequently, the amount of Ca2+ cations available to 

compensate ZrOx and TiOy polyhedra would decrease when Al2O3 concentration 

increases in parent glass composition. For glass B(Al1) heat treated at 

Tc=1050°C, zirconolite remained the only crystalline phase in bulk but its 
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nucleation rate strongly increased in comparison with glass B (Figure 69). This 

strong evolution is in agreement with the previous considerations about the effect 

of Al2O3 on zirconolite crystallization. A similar effect of Al2O3 concentration on 

apatite crystallization was observed recently in rare-earth rich borosilicate glasses 

[11]. For glass B(Al1) (Tc=1050°C), the molar percentage R of neodymium 

incorporated in zirconolite reached approximately 40 % at 1050°C as shown by 

EPR. However for this glass, a mixture of zirconolite 

(Ca0.82Nd0.19Zr1.04Ti1.78Al0.17O7) and anorthite (growing from glass surface) 

crystallized in the bulk of the sample at Tc=1200°C. The proportion of anorthite 

crystals in the bulk of the glass-ceramic at 1200°C can be reduced by increasing 

sample size and/or by decreasing crystal growth duration. The fact that Al2O3 is 

one of the main component of anorthite (nominally CaAl2Si2O8) could explain the 

increase of its crystal growth rate between glasses B and B(Al1). Similarly, the 

nucleation rate of Hf-zirconolite in the bulk was strongly increased when Al2O3 

concentration was raised in parent glass B(Hf0).  

Consequently, for the glass composition studied in this work (glass B), the 

amount of zirconolite crystals in the bulk, their nucleation rate and the percentage 

of neodymium incorporated in the zirconolite phase can be increased by 

increasing either Al2O3 or (CaO+ZrO2+TiO2) concentrations in parent glass. 

 

IV.C.2.f Effect of Nd2O3 concentration and of the nature of MA surrogate 

Parent glasses with various Nd2O3 contents ranging from 0.5 to 10 wt% were 

prepared by adding Nd2O3 to glass A, keeping constant the relative proportions of 

all other oxides. All glasses were prepared as glass A and glass-ceramics were 

prepared as described in Figure 49 with a crystal growth step at Tc=1050°C or 

1200°C. As for glass A, different crystallization processes occurred near the 

surface and in the bulk of the samples, irrespective of their neodymium content. 

For Tc=1050°C or 1200°C only zirconolite crystals form in the bulk of glass-

ceramics. Although Nd2O3 content has no effect on the nature of the crystalline 

phases, its addition to the parent glass affects the nucleation rate of zirconolite. 

For instance, Figure 70 shows SEM micrographs of the glass-ceramics containing 

0, 4, 8 and 10 wt% Nd2O3 prepared at 1050°C. This figure clearly indicates that 

the nucleation rate of zirconolite crystals decreases with increasing Nd2O3 

concentration. This result confirms the fact that Nd3+ ion does not act as a 
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nucleating agent for zirconolite crystallization in our glasses (§IV.C.2.a). 

The decrease of zirconolite nucleation rate could be due to the increase of the 

kinetic activation barrier (controlled by diffusion processes) of zirconolite 

nucleation. Indeed, as neodymium does not play a driving role in the 

crystallization processes of zirconolite, it could induce diffusion difficulties in 

undercooled melts during nucleation. However, this evolution could also be 

explained -for unclear reasons- by thermodynamic considerations leading to an 

increase of the thermodynamic activation barrier: the introduction of neodymium 

in the parent glass could increase the crystal-melt interfacial energy and/or 

decrease the crystallization driving force. 

The composition of the zirconolite crystals formed in the bulk for Tc=1200°C was 

determined by EDX for all the glass-ceramics containing various Nd2O3 contents 

(Table XXVII ). A monotonous increase of neodymium concentration is observed 

with increasing Nd2O3 total amount in the parent glass (Figure 71). The two 

charge compensation schemes (1) and (3) given in §IV.B.3.b for neodymium 

incorporation into zirconolite can operate: either in the calcium site of the 

structure with a charge compensation ensured by aluminum in titanium sites 

(scheme (1): (Nd3+,Al3+) ⇔ (Ca2+,Ti4+)), or in both calcium and zirconium sites 

simultaneously (scheme (3): (Nd3+,Nd3+) ⇔ (Ca2+,Zr4+)). From Figure 71, it can 

be inferred that below 4 wt% Nd2O3 in parent glass, scheme (1) is probably 

dominant. There are even more Al3+ ions than Nd3+ ions in the crystals. A part of 

Al3+ ions is likely to compensate the incorporation of a few Zr4+ ions in the 

calcium site (in Table XXVII  it can be notice that there is more than one Zr4+ ion 

by zirconolite formula unit even for the composition without neodymium). For 

higher Nd2O3 content, aluminum cannot totally compensate the excess of positive 

charge due to neodymium in calcium site and a part of Nd3+ ions is probably 

incorporated following scheme (3).  

The occurrence of Nd3+ ions in the zirconium site of zirconolite crystals (scheme 

(3)) was confirmed by optical absorption spectroscopy. Figure 72 shows two 

examples of neodymium optical absorption spectra corresponding to the 4I9/2 → 
2P1/2 transition recorded at low temperature for the bulk of the glass-ceramics 

prepared at Tc=1200°C containing 4 and 10 wt% Nd2O3. Glass-ceramic spectra 

can be simulated with the help of three Gaussian components centered at 22950 

cm-1, 23125 cm-1 and 23222 cm-1. From the study of Ca0.9Nd0.1ZrTi1.9Al 0.1O7 and 
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Ca0.95Nd0.1Zr0.95Ti2O7 zirconolite ceramics prepared by solid state reaction, the 

neodymium absorption lines at 22950 cm-1 and 23125 cm-1 were respectively 

attributed to the incorporation of neodymium in the calcium and zirconium site of 

zirconolite (see §IV.B.3.d.2). The broad absorption line at 23222 cm-1 

corresponds to Nd3+ ions remaining in the residual glass embedding zirconolite 

crystals (contribution similar to the absorption spectrum of parent glass). If we 

consider A(Zr) and A(Ca), the respective areas of the optical absorption 

contributions due to the incorporation of Nd3+ ions in the zirconium and in the 

calcium site of zirconolite crystals, the A(Zr)/A(Ca) ratio increases with Nd2O3 

concentration (Figure 73). This figure shows that a small fraction of Nd3+ ions 

incorporates effectively in the zirconium site of zirconolite, likely following 

scheme (3), and shows that the relative amount of Nd3+ ions incorporated in the 

zirconium site increases with neodymium content in parent glass, in agreement 

with Figure 71.  

Table XXVIII  and Figure 74 show that similarly to zirconolite in the bulk 

(Figure 71), the titanite crystals formed near sample surface in the crystallized 

layer incorporate increasing neodymium amounts with increasing Nd2O3 amount 

in parent glass. However, for titanite crystals the amount of aluminum was always 

sufficient to totally compensate the positive charge excess due to the Nd3+ ions 

incorporated in calcium site.  

In order to extend the previous studies, other lanthanides (Ce, Nd, Eu, Gd, Yb) 

and a tetravalent actinide (Th) were introduced in parent glass A to prepare glass-

ceramics. The results obtained are detailed in [242]. For Th and all the rare earths, 

zirconolite was the only crystalline phase nucleating and growing in the bulk of 

the glass after 2h thermal treatment at either 1050°C or 1200°C. However, the 

nature of the dopant has a strong effect on the nucleation rate IZ of zirconolite 

crystals at 810°C: IZ(Nd)<IZ(Eu)<IZ(Gd)<IZ(Ce)<IZ(Th)<IZ(Yb). EDX analysis of 

the zirconolite crystals grown at 1200°C showed that the amount of lanthanide 

progressively increases with decreasing Ln3+ ion radius (Figure 75). Moreover, at 

least for the trivalent lanthanide cations smaller than Ce3+ ions, Ln3+ ions are 

incorporated both into the Ca and Zr sites (following respectively charge 

compensation schemes (1) and (3)). Indeed, comparison of the evolution of Ln3+ 

and Al3+ ions concentrations in Figure 75 clearly shows that the difference 

between these two amounts increases from neodymium to ytterbium. Except for 
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the sample containing cerium, the concentration of Al3+ ions in zirconolite 

crystals was not sufficient to compensate the positive charge excess due to 

incorporation of Ln3+ ions following only scheme (1). A fraction of Ln3+ ions is 

thus incorporated following scheme (3). The smaller the lanthanide size, the 

higher the proportion of Ln3+ ions entering the Zr4+ sites following scheme (3). 

Concerning the thorium-doped glass-ceramic, it appeared that Th4+ ions were 

preferentially incorporated into the calcium site in agreement with Th-rich 

zirconolite natural samples [193,194] following the incorporation scheme (2) (see 

§IV.B.3.b), but its concentration in the crystals remained relatively low 

(Ca0.90Th0.09Zr1.04Ti1.77Al0.20O7).  

 

IV.C.2.g. Zirconolite-based glass-ceramics and MA immobilization 

In previous paragraphs it was shown that the basic glass-ceramic composition 

chosen for this study (glass A) was able to incorporate lanthanides (from Ce to 

Yb) and actinides (Th) with different cation radii without changing the nature of 

the crystals formed in the bulk. Moreover, it was possible to replace totally or 

partially Zr by Hf in the composition of the zirconolite crystals which could be 

interesting for the immobilization of Pu-rich wastes. In order to confirm the 

ability of zirconolite-based glass-ceramic matrices to incorporate Pu, 239Pu-doped 

samples have been prepared and studied recently by Deschanels et al. [268,269]. 

However, for technical reasons, their glass-ceramic samples were prepared by 

controlled cooling from the melt. Nevertheless, a strong Pu enrichment was 

observed in the zirconolite crystals. All these results show that zirconolite-based 

glass-ceramic could accept wide waste composition variations. 

Concerning the chemical durability of zirconolite-based glass-ceramics, leaching 

tests in aqueous solutions were conducted by CEA and ANSTO on glass-ceramic 

samples containing either neodymium or cerium as actinides surrogate [200,270]. 

It appeared that the initial dissolution rate r0 of the glass-ceramics and of the 

corresponding parent glasses were similar but were an order of magnitude lower 

than that of borosilicate nuclear glasses and basaltic glasses. However, in static 

alteration conditions at 90°C (see §III), the glass-ceramic alteration rate r(t) 

dropped by four orders of magnitude and r(t)<10-5g.m-2.day-1. This value is lower 

than that of borosilicate glasses (r(t)<10-4g.m-2.day-1) but higher than that of 

zirconolite ceramic (r(t)<10-6g.m-2.day-1) [200]. Moreover, the amount of altered 
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material for zirconolite-based glass-ceramics was two orders of magnitude lower 

than that of nuclear borosilicate glasses but only about one order of magnitude 

higher than that of zirconolite ceramic. Moreover, Martin et al. [271] showed that 

the long term release of actinide surrogates was governed mainly by the alteration 

of the residual glass remaining between zirconolite crystals in the bulk of glass-

ceramics. In comparison with nuclear borosilicate glasses, the higher chemical 

durability of zirconolite-based glass-ceramics can be explained by the occurrence 

of ZrO2 and TiO2, the lack of boron and the very small amount of sodium in 

residual glass (Table XXIII ). 

Concerning the stability of zirconolite in glass-ceramics, it appeared that 

zirconolite crystals were not thermodynamically stable in comparison with titanite 

crystals. However, for kinetics reasons due to its relatively high homogeneous 

nucleation rate, zirconolite was the only crystalline phase nucleating and growing 

in the bulk. It is important to underline that during disposal, the temperature in the 

bulk would never exceed 400°C even with 10 wt% MA (Cm isotopes, that would 

be mainly responsible for the heating, represent less than 5 wt% of all MA, 

Figure 3). In this temperature range (T<400°C), zirconolite would remain 

kinetically stable and no long-term evolution of both the structure and 

microstructure of the glass-ceramics is expected (T < Tg). 

Even if the zirconolite crystals of the glass-ceramics prepared from glass B at 

Tc=1200°C can incorporate 0.19 Nd3+ ions by zirconolite formula unit 

(Ca0.82Nd0.19Zr1.05Ti1.77Al0.17O7), one of the main drawbacks of zirconolite-based 

glass-ceramics is the high quantity of MA surrogate remaining in residual glass. 

EPR results showed that only 24 and 36 % of all the neodymium of glass B was 

incorporated in the zirconolite phase for Tc=1200°C and 1050°C respectively. 

However, by increasing TiO2 and ZrO2 concentrations in glass B composition, we 

showed that it was possible to incorporate nearly 43% of all neodymium in the 

zirconolite phase (57 % of all Nd2O3 still remaining in the residual glass of glass-

ceramics). Consequently, the main problem of the zirconolite-based glass-

ceramics is that a great fraction of MA surrogate remains in the residual glass and 

will not benefit from a double containment barrier.  
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V. CONCLUSION 

 

The rising demand for energy, the risks of loosing oil and gas sources of 

procurement are among the main reasons of current and future nuclear energy 

development that will lead to increasing amounts of nuclear wastes. Even if 

countries such as United States and Canada envisage direct disposal of nuclear 

spent fuel in deep geological formations without reprocessing, other countries 

reprocess it to extract Pu and U for reuse in new fuel. Nevertheless, reprocessing 

generates highly radioactive liquid wastes (HLW) containing fission products and 

minor actinides that are immobilized today in borosilicate glassy matrices.  

Minor actinides are long-lived α-emitting radionuclides that will be mainly 

responsible for the potential radiotoxicity of glass waste forms after 2-3 hundred 

years disposal. Moreover, several long-lived fission products such as 135Cs may 

be very mobile in geological formation. To minimize the potential long-term 

impact on biosphere of these radionuclides, investigations are currently in 

progress in France on enhanced separation these long-lived radionuclides from 

HLW followed by their transmutation or their immobilization in specific host 

matrices more durable than current nuclear glasses.  

Because of their amorphous structure, glass remains the best kind of conditioning 

for the broad spectrum of radioactive and non-radioactive elements occurring in 

non-separated wastes. Nevertheless, new specific single phase ceramic 

(zirconates, titanates, phosphates) and glass-ceramic waste forms more durable 

than nuclear glasses are under study to immobilize minor actinides and long-lived 

fission products. Ceramic waste form can be prepared by sintering using alkoxide 

or oxide routes whereas glass-ceramics can be prepared by controlled 

crystallization from the glassy state or from the melt. 

The main conclusions that can be drawn from our studies on ceramic and glass-

ceramic matrices developed for the conditioning of Cs (hollandite) and minor 

actinides (zirconolite, zirconolite-based glass-ceramic) are the following: 

 

i. Among the different matrices envisaged to immobilize radioactive cesium, 

(Ba,Cs,M)-hollandites (BaxCsy(M,Ti)8O16; x+y<2; M: trivalent cation) appeared 

as the best candidates. Hollandite ceramics were prepared using oxide route for 
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different cations M of increasing size to evaluate the effect of composition on 

microstructure, structure and cesium incorporation. To reduce the risks of Cs 

vaporization during synthesis, calcined powders were sintered in air at moderate 

temperature (1200°C). This oxide route appeared as an alternative to the alkoxide 

route generally proposed to prepare hollandite waste form. For y = 0, single phase 

Bax(M,Ti)8O16 were obtained only for M3+ = Al3+, Cr3+ and Fe3+. For Fe3+ and y ≠ 

0, all cesium was incorporated in hollandite and ceramic samples were well 

densified. The occurrence of Fe3+ ions in site B of hollandite structure facilitated 

Cs incorporation in tunnels. Mixed hollandite samples with M3+=Ga3++Al3+ and 

M3+=Fe3++Al3+ were also synthesized but the best results were obtained with iron. 

Indeed, the ceramic without aluminum was the best one in terms of density and 

cesium retention. 27Al MQ-MAS-NMR of (Ba,Cs,Al)-hollandite showed that 

aluminum ions were located in distorted octahedral sites with at least three 

different kinds of local environment in spite the existence of only one kind of site 

B in the structure. These different environments are due to different numbers of 

barium and vacancies in the six next nearest positions of Al. Using Mössbauer 

spectroscopy, only two different Fe3+ environments were detected for hollandite 

samples with iron. The effect of external electron irradiation (simulating the β-

irradiation of radioactive cesium) on hollandite samples followed by EPR showed 

that the same kinds of Ti3+ centers (E1,E2) and O2
-  (Tr) centers were always 

produced whatever hollandite composition, electron energy and fluence. The 

same paramagnetic defects (E1, E2, Tr) were generated in hollandite after γ-

irradiation but with significantly smaller concentrations. Moreover, barium and 

oxygen displacements were detected by SAD, MAS-NMR and Mössbauer 

spectroscopy. A mechanism of formation of Ti3+ and O2
- centers based on 

electron-hole creation and displacement of barium and oxygen ions was proposed. 

A maximum paramagnetic defect concentration of the order of 1018 cm-3 was 

obtained with our irradiation conditions (simulating the first 30 years of hollandite 

waste form storage and corresponding to about 40% of the dose that will receive 

hollandite during disposal) which is relatively low. However, the total 

concentration of defects can be higher if diamagnetic defects were also produced. 

As at the beginning of storage, the temperature in the bulk of radioactive Cs waste 

form will reach 300°C (5 wt% Cs2O), the stability with temperature of 

paramagnetic centers was studied. It appeared that E2, E1 and Tr signals vanished 
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at 150, 300 and 350°C respectively and the formation of new signals E3 and G2 

was observed. These two signals were assigned respectively to titanyl Ti3+ ions 

located at the surface of the crystals and probably clusters of O2
- centers formed 

by migration in the bulk of the crystals. Therefore at 300°C all the defects would 

not be annealed and the formation of secondary defects (E3 and G2) clearly 

indicated that a part of the electrons and holes generated during irradiation were 

separated after annealing. However, because of their small concentrations, these 

defects will have probably no negative effect on the long term behavior of 

hollandite during disposal. However, it must be underlined that all these external 

irradiation experiments were performed with electron energy higher than 0.5 MeV 

which probably conducts to an overestimation of elastic collisions (Ba 

displacements).  Moreover, to compare our results (with irradiation at room 

temperature + annealing) with real conditions at the beginning of disposal, it 

would be interesting to perform directly electron irradiation of hollandite at 

300°C. Nevertheless, chemical durability tests indicated that electron irradiation 

did not significantly affect the capacity of hollandite to retain cesium. 

 

ii. Among the different single phase ceramic matrices proposed for MA 

immobilization, zirconolite appeared as one of the best candidate because of its 

ability to accept both trivalent and tetravalent MA surrogates, its excellent 

chemical durability and self-radiation resistance (existence of very old natural 

analogues). Moreover, this phase can be prepared easily using either alkoxide or 

oxide routes. Using oxide route, we showed that Ca1-xNdxZrTi2-xAl xO7 zirconolite 

samples were almost single phase for x ≤ 0.6 (zirconolite-2M polytype). Nd was 

used to simulate trivalent MA. Rietveld refinement of XRD patterns indicated that 

Al3+ ions were preferentially incorporated in Ti(2) site (simultaneously with Nd3+ 

ions in Ca site). This result can be easily understood because Ti(2) sites constitute 

the closest cationic sites to Ca ones. So, Ti(2) occupation by Al3+ ions could be 

energetically favored, because it would ensure more efficiently the compensation 

charge necessary to the incorporation of Nd3+ ions into Ca sites. For x > 0.6, the 

formation of a new polytype (3O) of zirconolite was observed. In spite of the 

existence of only one Ca site in zirconolite-2M structure, the study of EPR and 

optical absorption spectra of Nd3+ ions in samples for x < 0.6 demonstrated that at 

least three slightly different environments of neodymium in Ca site were 
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observed. These different environments of neodymium were probably due to 

differences concerning their second neighbors. Indeed, structural data obtained by 

Rietveld refinement showed that the Nd3+ ions located in the Ca site had two Ti(2) 

splitted sites in their next nearest neighbourhood corresponding to four Ti(2) 

positions that are statistically occupied by Ti4+ or Al3+ ions (50 %) and vacancies 

(50 %). Consequently, it appeared that the environment of neodymium ions in the 

calcium site can vary from one site to another which could explain the different 

environments detected by EPR and optical absorption spectroscopy. Study by 

GIXAFS of Ca0.8Nd0.2ZrTi1.8Al0.2O7 zirconolite samples externally irradiated at 

different doses by Pb3+ ions simulating heavy recoil nuclei showed that Nd was 

eight-fold coordinated by oxygen anions in all the samples, irrespective of their 

irradiation dose. Moreover these oxygen anions always occurred at the same mean 

distance as in non irradiated zirconolite. Thus, the local order around Nd was kept 

despite the amorphization of zirconolite structure. Only a broadening of the 

distribution of Nd-O distances occurred with the irradiation dose. The medium 

range order around Nd was much more sensitive to the irradiation dose. Above 

the critical dose of amorphization, no second shell contribution was detectable. 

This phenomenon could be attributed to an increase of the distribution of Nd-O-M 

(M=Ti,Al) angles between polyhedra caused by irradiation.  

 

iii. Zirconolite-based glass-ceramics prepared by crystallization of parent glasses 

belonging to the SiO2-Al 2O3-CaO-TiO2-ZrO2-Nd2O3 system were studied as 

potential waste form for the specific immobilization of MA. Trivalent minor 

actinides were mainly simulated by neodymium. Structural study of parent glasses 

showed that contrary to Nd3+ ions, Zr4+ and Ti4+ ions occupied very similar sites 

in glass and in zirconolite which could predispose parent glass to zirconolite 

nucleation. Different methods were tested to prepare glass-ceramics but the most 

efficient one consisted in a two-step heat treatment of glass samples (nucleation at 

TN + crystal growth at Tc) rather than controlled cooling of the melt. It appeared 

that different crystalline phases formed in the bulk and on the surface of glass 

samples. After internal nucleation and crystal growth, zirconolite was formed for 

Tc ≥ 1000°C whereas a fluorite-type phase – corresponding to a highly cationic 

disordered zirconolite – grew for Tc < 1000°C. At the same time, the 

crystallization of silicate phases (anorthite and titanite) after surface nucleation 
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and crystal growth towards the bulk was observed and formed a crystallized layer. 

For 1000 ≤ Tc ≤ 1200°C zirconolite was the only crystalline phase formed in the 

bulk, whereas crystallization of ZrO2 occurred for Tc > 1200°C at the expense of 

zirconolite. Consequently, the following nucleation and crystallization sequence 

was proposed with increasing temperature: glass → homogeneous nucleation of a 

fluorite-type phase (760° ≤ T ≤ 830°C) → crystal growth of the fluorite-type 

phase (T < 1000°C) → transformation of the fluorite-type phase into zirconolite 

(T ≥ 1000°C). Moreover, a decrease of disorder in the (Ca,Zr) planes of the 

zirconolite structure was observed with increasing Tc. Parent glass composition 

changes showed that when TiO2, ZrO2 and CaO amounts increased, the 

zirconolite nucleation rate, the amount of zirconolite in the glass-ceramics and the 

percentage of Nd3+ ions incorporated in the zirconolite phase also increased. 

However, the composition of the zirconolite crystals remained almost constant 

(Ca0.82Nd0.19Zr1.05Ti1.77Al0.17O7, Tc=1200°C). EDX results showed that Nd3+ ions 

entered preferentially into the calcium site of zirconolite crystals rather than in the 

zirconium site as confirmed by spectroscopic studies. The charge compensation 

was ensured by the simultaneous incorporation of Al3+ ions in titanium sites. 

Thus, for Tc=1200°C, nearly 20% of the Ca site of zirconolite crystals were 

occupied by Nd. The study of the stability of zirconolite crystals in the 

undercooled melt showed that in the system studied in this work, zirconolite was 

not thermodynamically stable in comparison with titanite. However, for kinetics 

reasons zirconolite was the only crystalline phase that crystallized in the bulk. It is 

important to underline that during the disposal of waste forms envisaged for MA 

immobilization, the temperature in the bulk would never exceed 400°C even with 

10 wt% MA. In these conditions zirconolite would remain kinetically stable and 

no long-term evolution of both the structure and microstructure of the glass-

ceramics are expected (T < Tg). The study of crystallization of parent glasses with 

other rare earths or with thorium showed that zirconolite (2M-polytype) remained 

the only crystalline phase that formed in the bulk of glass-ceramics for 1000°C ≤ 

Tc ≤ 1200°C. This result showed that the basic parent glass composition was very 

flexible against the fluctuations of waste composition without changing the nature 

of the crystals. Nevertheless, the charge and the ionic radius of the rare earth 

influenced the nucleation rate of zirconolite. However, the main problem of the 

zirconolite-based glass-ceramics studied in this work was that a great part of MA 



 108 

surrogates remained in the residual glass. Indeed, for all the Nd-doped samples 

studied in our work, more than 50 % of Nd was not incorporated in zirconolite 

crystals even if TiO2 and ZrO2 contents were increased in parent glass. 

Consequently, the percentage of neodymium incorporated in zirconolite crystals 

remained too small to make realistic the use of such materials for the conditioning 

of actinides in comparison with more durable bulk zirconolite ceramic.  
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Radionuclides Half-life (years) 
Short half-life FP (≤ 30 years) 

90Sr 28 
137Cs 30 

Long half-lif e  FP (> 30 years) 
79Se 70000 
93Zr 1.5 106 
99Tc 2.1 105 
107Pd 6.5 106 
126Sn 105 
129I 1.57 107 

135Cs 2 106 
151Sm 93 

MA 
237Np 2.14 106 
241Am 432.7 
243Am 7370 
244Cm 18.1 
245Cm 8500 
246Cm 4760 

 
 
 

Table I. Half-life of several isotopes of minor actinides (MA) and 
fission products (FP) occurring in HLW solutions recovered after spent 
fuel reprocessing [5]. FP are β-emitters and MA are mainly α-emitters. 
Most of these radionuclides are also γ-emitters. 

 
 
 
 
 
 
 
 



 127 

                                                                                                                                                               
 
 
 
 
 

 

Radionuclide Mobility in geological 
environment 

93Zr -- 
99Tc + 
129I ++ 

135Cs ++ 
U - 
Np - 
Pu - 
Am -- 
Cm -- 

 

Table II. Qualitative comparison of the mobility in geological 
environment of the main long-lived radionuclides occurring in HLW 
(+: high, ++: very high, -: low, --: very low) [26]. 
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Chemical family weight (kg/U) 

Rare gas (Kr, Xe) 5.6 

Alkalis (Cs, Rb) 3 

Alkaline earths (Sr, Ba) 2.4 

Rare earths 10.2 

Transition metals (Mo, Zr, Tc) 7.7 

Chalcogens (Se, Te) 0.5 

Halogens (I, Br) 0.2 

Noble metals (Ru, Rh, Pd) 3.9 

Others (Ag, Cd, Sn, Sb…) 0.1 

 

Table III. Main families of fission products occurring in nuclear spent 
fuels [12]. The values presented in this table correspond to that of UO2 
spent fuel enriched with 3.5% 235U (burn-up 33 GWday.t-1, 3 years 
after discharge) given in kg by ton of U before burning. It can be 
underline that rare earths (Y + lanthanides) constitute the most 
abundant family of fission products (in wt%).  
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Fission products (g.t-1U) Actinides (g.t-1U) 
SeO2 77.04 UO2 192.90 
Rb2O 385.06 NpO2 473.30 

SrO 988.24 PuO2 7.10 

Y2O3 587.15 AmO2 363.94 

ZrO2 4870.98 CmO2 28.71 

MoO3 5017.74 Additional elements and  
corrosion products (g.t-1U) TcO2 1091.11 

RuO2 2846.43 Na2O 13499.56 
Rh 488.30 Fe2O3 8580.60 

Pd 1245.40 NiO 1221.70 

Ag2O 82.35 Cr2O3 1490.73 

CdO 89.03 P2O5 835.96 

In2O3 1.80 ZrO2 1350.90 

SnO2 64.99   

Sb2O3 12.57   

TeO2 591.99   

Cs2O 2804.76   

BaO 1750.69   

La2O3 1417.92   

Ce2O3 2747.58   

Pr2O3 1300.20   

Nd2O3 4672.37   

Pm2O3 79.62   

Sm2O3 923.30   

Eu2O3 151.80   

Gd2O3 87.74   

Tb2O3 2.16   

Dy2O3 1.04   
 
 

Table IV. Composition of the HLW solution recovered after the 
reprocessing of UOX1 spent fuel (UO2 with 3.5% 235U, burn up 33 
GWday.t-1 in PWR, 4 years after discharge) by the Purex process [28].  
Reprocessing was performed 3 years after spent fuel unloading. 
Concentrations are given in g/ton of U in fuel before burning. It can be 
notice that only very small fractions of U and Pu remain in HLW 
solution. 
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Fission products (g.t-1U) Actinides (g.t-1U) 

SeO2 136 UO2 188.7 
Rb2O 672.3 NpO2 1038 

SrO 1639 PuO2 14.41 

Y2O3 1015 AmO2 892.3 

ZrO2 8645 CmO2 150.7 

MoO3 8993 Additional elements and  
corrosion products (g.t-1U) TcO2 1860 

RuO2 5323 Na2O 15116.9 
Rh 739.8 Fe2O3 8590.60 

Pd 2667 NiO 1221.70 

Ag2O 138.6 Cr2O3 1490.73 

CdO 215.9 P2O5 1519.93 

In2O3 2.44 ZrO2 1350.90 

SnO2 123.6   

Sb2O3 20.51   

TeO2 1083   

Cs2O 4837   

BaO 3543   

La2O3 2523   

Ce2O3 4921   

Pr2O3 2309   

Nd2O3 8429   

Pm2O3 53.06   

Sm2O3 1583   

Eu2O3 318.5   

Gd2O3 329.6   

Tb2O3 4.17   

Dy2O3 2.4   
 
 

Table V. Composition obtained by simulation of the HLW solution 
that would be recovered after the reprocessing of UOX3 spent fuel 
(UO2 with 4.9% 235U, burn up 60 GWday.t-1, 6 years after discharge) 
by the Purex process [11]. Concentrations are given in g/ton of U in 
fuel before burning.  
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Fuel UOX1 UOX3 
235U  3.5 % 4.9 % 

Burn-up 33 GWday/t 60 GWday/t 

Time in reactor 3 years ~ 5 years 

Reprocessing after 3 years 5 years 

Vitrification after 4 years 6 years 

Composition  
of spent fuel 

before reprocessing 

U (955 Kg) U (924 Kg) 

Pu (10 Kg) Pu (13 Kg) 

MA (0.6 Kg) MA (1.8 Kg) 

FP (34 Kg) FP (61 Kg) 

 
 

Table VI . Comparison of UOX1 and UOX3 spent fuels. The 
composition of UOX3 spent fuel was obtained by simulation [11]. 
(MA: minor actinides, FP: fission products) 
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Oxides wt%  
Glass frit introduced with the calcine 

SiO2 45.12 
Al 2O3 4.92 
B2O3 13.92 
Na2O 10.06 
CaO 4.01 
Li 2O 1.96 
ZnO 2.49 
ZrO2 1.01 

Fission products 
ZrO2 1.70 
SrO 0.34 
Y2O3 0.20 
MoO3 1.75 
TcO2 0.38 
Ag2O 0.03 
CdO 0.03 
SnO2 0.02 
SeO2 0.03 
TeO2 0.20 
Rb2O 0.13 
Cs2O 0.97 
BaO 0.61 

Ce2O3 0.95 
Pr2O3 0.45 
Nd2O3 1.63 
La2O3 0.49 
Pm2O3 0.03 
Sm2O3 0.32 
Eu2O3 0.05 
Gd2O3 0.03 
RuO2 0.99 
Rh2O3 0.17 

Pd 0.43 
Additional and corrosion products  

Fe2O3 2.98 
NiO 0.42 

Cr2O3 0.52 
P2O5 0.29 

Actinides 
UO2 0.06 
NpO2 0.17 
PuO2 0.0025 
AmO2  0.13 
CmO2 0.01 

 
Table VII . Composition of the R7T7 glass produced at La Hague 
(AVH process) for the immobilization of HLW solutions recovered 
after reprocessing of UOX1 spent fuel [48].  



 133 

                                                                                                                                                               

 

 

 

 

 

Name of 
the phase 

Nominal 
composition 

wt% in 
Synroc 

Examples of waste 
incorporated 

hollandite Ba1.2(Al,Ti) 8O16 30 Cs, Rb, Ba 
zirconolite CaZrTi2O7 30 Ln, MA, U 
perovskite CaTiO3 20 Ln, MA, U, Sr 

titanium oxide TinO2n-1 (n≥0) 15 - 
intermetallic 

alloysa Ti + other alloys 5 Ru, Pd, Rh, Te, Mo, Tc 

 
 
 
TableVIII. Nominal composition of the phases occurring in the 
Synroc-C ceramic waste form. The global composition of Synroc-C 
with HLW as proposed by Ringwood et al.[50] was (wt%): TiO2 
(57.0), ZrO2 (5.4), Al2O3 (4.3), BaO (4.4), CaO (8.9), HLW (20). 
Examples of waste incorporated in the different phases are given. 
Several elements such as Ln and MA may enter into the structure of 
different phases (zirconolite, perovskite). (Ln: lanthanides, MA: minor 
actinides). a: because of the reducing conditions during Synroc 
preparation and adding of Ti metal to the precursor mixture before 
sintering, intermetallic alloys formed that may contain noble metals 
and chalcogens from waste [70].  
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Radionuclides Ceramic Composition 
Iodine (129I) iodoapatite Pb10(VO4)4.8(PO4)1.2I2 

Cesium (135Cs) hollandite BaCs0.28(Fe0.82Al1.46)Ti5.72O16 

Minor 
actinides 

(Np, Am, Cm) 

zirconolite 
(Ca1-xMA x

3+)Zr(Ti2-xAl x)O7 

(Ca1-xMA x
4+)Zr(Ti2-2xAl2x)O7 

britholite 
(apatite) 

Ca10-xMA3+
x(PO4)6-x(SiO4)xF2 

Ca10-xMA4+
x(PO4)6-2x(SiO4)2xF2 

thorium 
phosphate- 
diphosphate 

(TDP) 

Th4-xMA4+
x(PO4)2P2O7 

 

Ceramic Synthesis / Remarks Ref. 

iodoapatite 

Composite material with 
Pb3(VO4)1.6(PO4)0.4 

Prepared by hot pressing 
(580°C, 25MPa) 

[19] 

hollandite 
Prepared by natural 
sintering (1250°C) 

[18,79] 

zirconolite 
Prepared by natural 
sintering (1450°C) 

[19,18,80] 

britholite 
(apatite) 

Prepared by natural 
sintering (1475°C) 

[19,23] 

thorium phosphate- 
diphosphate (TDP) 

Prepared by natural 
sintering (1250°C). 

For Np4+ immobilization. 
Can be associated with 

monazite for immobilization 
of both MA3+ and MA4+ 

[23,81] 

 
 

Table IX. Examples of ceramic waste forms developed for the 
immobilization of long-lived radionuclides (129I, 135Cs, MA). Possible 
incorporation schemes of tri- and tetravalent MA in ceramics and 
preparation methods are indicated. 
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Cesium  
isotope 

Half-life 
(y:years, d:days) 

Activity  
(Bq/g) 

Thermal 
power 

(W/g of cesium) 
133Cs stable - 0 

134Cs 2.06 y 4.8 1013 13.18 

135Cs 2.3.106 y 4.3 107 3.85.10-7 

136Cs 13 d 2.8 1015 - 

137Cs 30.03 y 3.2 1012 0.417 

 
 

Table X. Radioactive and thermal characteristics of the main cesium 
isotopes occurring in nuclear spent fuel [120]. 

     

 

 

     

 

 

 

 

 

 

    



 136 

                                                                                                                                                               
 

 

 



 137 

                                                                                                                                                               

Isotopes UOX2 UOX3 

 g/t % g/t % 

133Cs 1.490 103 42.3 1.889 103 41.5 

134Cs 4.808 101 1.4 5.204 101 1.1 

135Cs 4.916 102 14.0 6.802 102 14.9 

137Cs 1.500 103 42.6 1.933 103 42.4 

Totality 3.519 103 100 4.554 103 100 

 

Table XI. Proportions of cesium isotopes in two different kinds of 
nuclear spent fuel: UOX2 (UO2 with 3.7% 235U, burn up 45GWj/t, 4 
years after discharge), UOX3 (UO2 with 4.5% 235U, burn up 60GWj/t, 
5 years after discharge) [121]. The period of 4-5 years after discharge 
corresponds to the time during which the nuclear spent fuel is cooled 
before reprocessing. (g/t: g of Cs per U ton in fuel before burning). 
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Cation Al3+ Cr3+ Ga3+ Fe3+ Ti3+ Sc3+ Ti4+ Ba2+ Cs+ 

r (Å) 0.535 0.615 0.620 0.645 0.670 0.745 0.605 1.42 1.74 

rB (Å) 0.585 0.608 0.609 0.616 0.624 0.645 - - - 

 
Table XI I. Ionic radius of trivalent cations M (Al3+, Cr3+, Ga3+, Fe3+, 
Ti3+, Sc3+) in six-fold coordination (octahedral site B in hollandite) 
and of cations Ba2+ and Cs+ in eight-fold coordination (site A in 
hollandite) [144]. rB is the average radius of  cations in site B of 
Ba1,16(M

3+
2.32Ti5.68)O16  hollandite samples. 
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Nominal composition EPMA composition a(Å) c(Å) V 

Ba1.16Al2.32Ti5.68O16 Ba1.18Al2.32Ti5.67O16 9.968 2.923 290.4 

Ba1.16Cr2.32Ti5.68O16 Ba1.16Cr2.29Ti5.70O16 10.054 2.952 298.4 

Ba1.16Ga2.32Ti5.68O16 Ba1.18Ga2.30Ti5.68O16 10.051 2.957 298.8 

Ba1.16Fe2.32Ti5.68O16 Ba1.13Fe2.32Ti5.70O16 10.103 2.971 303.2 

Ba1.11Cs0.10Al2.32Ti5.68O16 Ba1.17Cs0.05Al2.30Ti5.67O16
 9.972 2.923 290.7 

Ba1.04Cs0.24Cr2.32Ti5.68O16 Ba1.08Cs0.11Cr2.10Ti5.86O16 10.069 2.951 299.3 

Ba1.04Cs0.24Ga2.32Ti5.68O16 Ba1.15Cs0.15Ga2.45Ti5.55O16 10.065 2.963 300.1 

Ba1.04Cs0.24Fe2.32Ti5.68O16
 Ba1.06Cs0.26Fe2.28Ti5.70O16

 10.122 2.972 304.5 

 

Table XIII . Cell parameters of (Ba,M)-hollandite 
(M3+=Al3+,Cr3+,Ga3+,Fe3+) and (Ba,Cs,M)-hollandite 
(M3+=Cr3+,Ga3+,Fe3+) ceramics prepared by oxide route (Figure 17). a 
and c parameters were obtained after refinement of XRD patterns in 
the I4/m space group (tetragonal structure). V: cell volume in Å3. The 
composition of hollandite samples was determined by EPMA 
(Electron Probe Microanalysis). 
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Sample 

 
sites I.S 

(mm/s) 
Q.S. 

(mm/s) 
Γ 

(mm/s) 
R 

(%) 

Before 
irradiation  

1 0.493 0.884 0.25 63 

2 0.494 0.56 0.19 37 

After 
irradiation  

1 0.490 0.76 0.23 77 

2 0.492 0.55 0.12 19 
3 0.36 1.21 0.23 4 

 

Table XIV.  Hyperfine parameters extracted from the least-squares fits 
of the 57Fe transmission Mössbauer spectra (Figure 23) of 
Ba1.16Fe2.32Ti5,68O16 hollandite before and after electron irradiation 
(1.5 MeV, F=5.8.1018 cm-2). Isomer shift (I.S.), quadrupole splitting 
(Q.S.), full width at half maximum (Γ) and fraction (R) of the different 
sites (1, 2 and 3). 
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Signals gx (∆∆∆∆Bz) gy (∆∆∆∆By) gz (∆∆∆∆Bx) 

Tr 
(3 components) 

2.0038 (1.2) 
2.0038 (1.2) 
2.0038 (1.2) 

2.009 (0.8) 
2.009 (0.8) 
2.009 (0.8) 

2.035 (0.9) 
2.026 (0.9) 
2.018 (0.9) 

E1 1.953 (3) 1.972 (3) 1.981 (1.5) 
E2 1.885 (5.4) 1.912 (5.8) 1.966 (1.7) 

 
 

Table XV. g-factors (gx, gy and gz components) and corresponding 
half-width at half-maximum (∆B, mT between parenthesis) 
determined by  the simulation of the three signals Tr, E1 and E2 
detected in Ba1.16Al 2.32Ti5.68O16 hollandite after electron irradiation. 
For E1 and E2 centers, spectra simulations are shown in Figure 31. 
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MA Half-life 
 (years) 

Quantity  
(kg/y) 

% Thermal power  
(W/g) 

237Np 2.14 106 489 100 2 .08 10-5 
241Am 432 

540 
63.2 

0.074 243Am 7370 36.6 
244Cm 18 

70 
91.3 

2.62 
245Cm 8500 6.2 
246Cm 4760 1.4 
Total - 1099 - - 

 
 

Table XVI. Physical characteristics (half-life, thermal power due to 
radioactive decay) and concentrations of MA in UOX2 spent fuel 
(UO2 with 3.7% 235U, burn up 45 GWday.t-1) after discharge [32].  

 
 

     

 

 

 
 
 
 
 
 
 
 
 
 
 
 



 143 

                                                                                                                                                               

 
 
 
 

Ionic radius 
(Å) 

7-fold 
coordination 

8-fold 
coordination 

Ca2+ 1.06 1.12 
Zr4+ 0.78 0.84 
Hf4+ 0.76 0.83 
La3+ 1.10 1.160 
Ce3+ 1.07 1.143 
Nd3+ - 1.109 
Eu3+ 1.01 1.066 
Gd3+ 1.00 1.053 
Y3+ 0.96 1.019 
Yb3+ 0.925 0.985 
Ce4+ - 0.97 
Th4+ - 1.05 
U4+ 0.95 1.00 
Np4+ - 0.98 
Pu4+ - 0.96 
Am3+ - 1.09 

 

Table XVII . Comparison of the ionic radii of different lanthanide and 
actinide cations (in 7- and in 8-fold coordination) that can be 
incorporated into zirconolite-2M, with the ionic radii of Ca2+ (1.12 Å 
in 8-fold coordination), Zr4+  and Hf4+ (respectively 0.78 Å and 0.76 Å 
in 7-fold coordination) [144]. 
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x a (Å) b (Å) c (Å) ββββ (degrees) V (Å3) Phasesa 

0 12.4436  7.2742 11.3813  100.554  1012.8   

zirconolite-2M 

(main phase) 

+  

traces of  

perovskite and 

(Zr,Ti)O2 

0.1 12.4529 7.2707  11.3709  100.609  1011.9  

0.2 12.4685  7.2697  11.3589  100.654  1011.9  

0.3 12.4876  7.2721  11.3495  100.723  1012.7  

0.4 12.5018  7.2712  11.3328  100.768  1012.0  

0.5 12.525  7.2746  11.3235  100.835  1013.4  

0.6 12.554  7.2777 11.318  100.874  1015.4 

0.1 12.465 7.280 11.387 100.554 1015.9 same phasesb 

 

Table XVIII . Lattice parameters (a,b,c,β) and cell volume V of 
zirconolite-2M obtained by XRD for Ca1-xNdxZrTi2-xAl xO7 ceramics 
(x ≤ 0.6). a: phases identified by XRD, SEM and EDX. The last line of 
the table corresponds to the Ca0.95Nd0.10Zr0.95Ti2O7 ceramic without 
aluminum. b: the same phases were detected for this sample than for 
Ca1-xNdxZrTi2-xAl xO7 ceramics but the quantity of perovskite was 
higher for the sample without aluminum.  
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Site Occupancy x y z 

Ca 0.7Ca + 0.296(7) Nd 

 + 0.004(7)Zr 

0.3742(3) 0.1239(7) 0.4952(3) 

Zr 0.956(7)Zr + 0.004(7) Nd 

+ 0.04(1)Ti 

0.1217(3) 0.1209(4) -0.0270(2) 

Ti(1) 0.975(4)Ti + 0.025(4)Zr 0.2500(6) 0.117(1) 0.7472(5) 

Ti(2) 0.2Ti + 0.3Al 0.468(1) 0.073(2) 0.255(2) 

Ti(3) 0.970(8)Ti + 0.030(8)Zr 0 0.134(1) 0.25 

O(1) 1 0.313(1) 0.112(2) 0.293(1) 

O(2) 1 0.472(1) 0.158(2) 0.104(1) 

O(3) 1 0.216(1) 0.085(2) 0.579(1) 

O(4) 1 0.400(1) 0.169(2) 0.712(1) 

O(5) 1 0.706(1) 0.168(2) 0.589(1) 

O(6) 1 -0.000(1) 0.138(2) 0.416(1) 

O(7) 1 0.121(1) 0.042(2) 0.801(1) 

 

Table XIX . Results of the structural refinement of the XRD pattern of 
Ca0.7Nd0.3ZrTi1.7Al0.3O7 (Figure 41) giving the position (x,y,z) and the 
occupancy of the different sites of the zirconolite-2M structure (Figure 
36).  
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Ca Zr Ti(1) Ti(2) Ti(3) 

O(1) 2.278 O(7) 2.032 O(5) 1.870 O(2) 1.744 O(6) 1.889 

O(3) 2.363 O(2) 2.086 O(1) 1.877 O(2) 1.823 O(6) 1.889 

O(2) 2.415 O(3) 2.128 O(3) 1.897 O(4) 1.979 O(4) 1.898 

O(6) 2.425 O(6) 2.151 O(7) 1.909 O(1) 2.079 O(4) 1.898 

O(4) 2.446 O(5) 2.170 O(4) 2.016 O(4) 2.395 O(7) 1.984 

O(5) 2.465 O(5) 2.406 O(1) 2.142   O(7) 1.984 

O(3) 2.472 O(6) 2.426       

O(2) 2.482         

D 2.431  2.200  1.952  2.004  1.924 

 

Table XX. Bond distances (in Å) determined from the Rietveld 
structural refinement of Ca0.7Nd0.3ZrTi1.7Al0.3O7. For each site, the 
mean distance D cation-oxygen is indicated in the last line of the table. 
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Sample irradiation dose Non irradiated 1014 Pb3+ ions/cm2 

First shell 
(oxygen) 

Coordination number 8.0 ± 0.6 8.6 ± 1.3 

Mean distance 2.45 ± 0.01 2.45 ± 0.01 

σ
2 (Å2) 0.007 ± 0.001 0.012 ± 0.003 

Second 
shell 

(titanium) 

Coordination number 3.1 ± 1.1 3.3 ± 2.4 

Mean distance 3.47 ± 0.01 3.48 ± 0.02 

σ
2 (Å2) 0.004 ± 0.003 0.009 ± 0.008 

 
Sample irradiation dose 2.1015 Pb3+ ions/cm2 1016 Pb3+ ions/cm2 

First shell 
(oxygen) 

Coordination number 8.0 ± 0.7 8.3 ± 1.1 

Mean distance 2.45 ± 0.01 2.46 ± 0.01 

σ
2 (Å2) 0.011 ± 0.002 0.018 ± 0.003 

Second 
shell 

(titanium)  

Coordination number 4.9 ± 2.2 nd 

Mean distance 3.49 ± 0.02 nd 

σ
2 (Å2) 0.017 ± 0.007 nd 

 

Table XXI.  Results of GIXAFS study of neodymium in native and 
irradiated (by Pb3+ ions) Ca0.8Nd0.2ZrTi1.8Al0.2O7 zirconolite samples 
giving the coordination numbers, mean distances and Debye-Waller 
factors σ for the two first shells around Nd. nd: no determined.  
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Ceramic samples a (Å) b (Å) c (Å) ββββ (degrees) V (Å3) 
CaHfTi 2O7  12.422 7.268 11.357 100.542  1008.1  
CaZrTi 2O7 12.443 7.274 11.381 100.554  1012.8  

Ca0.8Nd0.2HfTi 1.8Al0.2O7 12.450 7.263 11.345 100.655  1008.3  
Ca0.8Nd0.2ZrTi 1.8Al0.2O7 12.468 7.269 11.358 100.654  1011.9  

 

Table XXII . Lattice parameters (a,b,c,β) and cell volume V obtained 
by XRD for Hf- and Zr-zirconolite ceramics. 
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  SiO2 Al2O3 CaO TiO2 ZrO 2 Nd2O3 Na2O 

Glass A 
wt % 

mol. % 
43.16 
48.84 

12.71 
8.48 

20.88 
25.33 

13.25 
11.28 

9.00 
4.97 

0.00 
0.00 

1.00 
1.10 

Glass B 
wt % 
mol % 

40.57 
48.23 

11.95 
8.37 

19.63 
25.01 

12.45 
11.14 

8.46 
4.90 

6.00 
1.27 

0.94 
1.08 

 
Table XXIII. Composition in wt% and mol% of parent glasses A and 
B (respectively without and with Nd as MA surrogate) used for the 
preparation of zirconolite-based glass-ceramics. 
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Crystal growth 
thermal treatment Surface Bulk 

2 h 1050°C S + A Z 

20 h 1050°C S + A+ W Z+ A + W + I 

300 h 1050°C S + A + W + C Z + A + W + S + C +I 

2 h 1200°C S + A + B Z 

20 h 1200°C S + A + B S + A + B + Za 

 
 

Table XXIV.  Crystalline phases formed in the bulk and near the 
surface of glass B at Tc=1050°C and 1200°C using the method 
described Figure 49 for different durations. The samples were 
previously annealed and nucleated at 810°C for 2h. (Z: zirconolite, S: 
titanite, A: anorthite, W: wollastonite, C:cristobalite, B: baddeleyite, I: 
Nd-rich phase (probably Ca2Nd8(SiO4)6O2 apatite). a: for this thermal 
treatment the amount of zirconolite in the bulk strongly decreased in 
comparison with the other treatments presented in the table.  
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 SiO2 Al2O3 CaO TiO2 ZrO 2 Nd2O3 Na2O 

Glass C 
weight % 
mol. % 

36.07 
43.83 

10.62 
7.61 

19.18 
24.97 

15.98 
14.61 

11.31 
6.70 

6.00 
1.30 

0.84 
0.98 

Glass D 
weight % 
mol. % 

32.47 
40.17 

9.56 
6.97 

18.82 
24.94 

18.81 
17.50 

13.59 
8.20 

6.00 
1.32 

0.75 
0.90 

 

Table XXV. Composition of parent glasses C and D.  
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Glass SiO2 Al2O3 CaO TiO2 ZrO 2 HfO2 Ln2O3 Na2O 
Glass B  48.22 8.37 25.01 11.14 4.90 0 1.27 1.08 

Glass B(Hf0)  48.23 8.37 25.00 11.14 0 4.91 1.27 1.08 
Glass B(Hf0.5)  48.23 8.37 25.00 11.14 2.45 2.45 1.27 1.08 
Glass B(Al1)  46.81 11.00 24.27 10.81 4.76 0 1.29 1.05 
Glass B(Al2)  49.73 5.57 25.78 11.48 5.06 0 1.25 1.11 

 

Table XXVI . Composition of parent glasses B, B(Hf0), B(Hf0), 
B(Al1) and B(Al2) (mol%). 
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Nd2O3 

(wt%) zirconolite composition V 
(10-24cm3) 

0 % Ca0.97Zr1.07Ti1.90Al0.06O7 1010.6 

0.5 % Ca0.95Nd0.025Zr1.06Ti1.89Al0.075O7 1011.5 

1 % Ca0.93Nd0.05Zr1.06Ti1.87Al0.09O7 1011.7 

2 % Ca0.91Nd0.08Zr1.05Ti1.86Al0.10O7 1013.0 

4 % Ca0.87Nd0.13Zr1.05Ti1.82Al0.13O7 1015.0 

6 % Ca0.82Nd0.19Zr1.05Ti1.77Al0.17O7 1016.5 

8 % Ca0.80Nd0.23Zr1.05Ti1.75Al0.17O7 1016.3 

10 % Ca0.77Nd0.26Zr1.04Ti1.73Al0.20O7 1018.9 
  

Table XXVII .  Composition (determined by EDX) of the zirconolite 
crystals formed in the bulk of glass-ceramics with increasing Nd2O3 
content in parent glass. V: cell volume determined by XRD. 
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Nd2O3 (wt%)  Titanite composition 

0 % Ca0.99Ti0.78Zr0.23Al0.02Si0.98O5 

1 % Ca0.97Nd0.025Ti0.77Zr0.215Al0.04Si0.98O5 

2 % Ca0.95Nd0.045Ti0.765Zr0.22Al0.06Si0.97O5 

6 % Ca0.89Nd0.11Ti0.69Zr0.22Al0.11Si0.98O5 

10 % Ca0.84Nd0.16Ti0.67Zr0.21Al0.16Si0.96O5 
  

Table XXVIII .  Composition (determined by EDX) of the titanite 
crystals formed near the surface of glass-ceramics with increasing 
Nd2O3 content in parent glass (Tc=1200°C, 2h). 
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Figure 1. Evolution of the potential radiotoxicity (expressed in Sv/ton of initial 
uranium metal) over time of: (a) UOX1 spent fuel (UO2 enriched with 3.5 % of 
235U, removed from the reactor at a burn up of 33 GW.day/ton (i.e. 3 years in 
reactor) and cooled for 3 years), (b) UOX3 spent fuel (UO2 enriched with 4.9 % 
of 235U, removed from the reactor at a burn up of 60 GW.day/ton (i.e. 5 years in 
reactor) and cooled for 5 years). The composition of UOX3 spent fuel and 
radiotoxicity curves were obtained by simulation [11]. It can be noticed that after 
about 50 years, Pu is the largest contributor to the radiotoxic inventory in spent 
fuels. The contribution of MA is about 10 times less than that of Pu but 1000 
times greater than that of FP after several centuries. The potential radiotoxicity of 
the initial 235U enriched uranium oxide fuels UOX1 and UOX3 is shown 
(horizontal lines) in (a) and (b) and the intersection point with the radiotoxicity 
curve of MA occurring in spent fuels is indicated. It appears that the time needed 
for MA to reach a radiotoxicity level equivalent to the one of the initial UO2 fuel 
(vertical lines) increases from about 2000 years for UOX1 to more than 10 000 
years for UOX3. For non reprocessed spent fuels, the radiotoxicity drops back to 
the one of initial fuels only after more than 200 000 years. (MA: minor actinides; 
FP: fission products). 
 

Figure 2. Enhanced reprocessing of HLW and specific immobilization or 
transmutation of separated long-lived radionuclides.  
 
Figure 3. Evolution of the composition of UO2 fuel composition (wt%) after 3 
years in PWR reactor [33]. The relative proportions of MA (Np, Am, Cm) are 
also given. (UOX1 fuel enriched with 3.5% 235U, discharged at 33 GW.day/tU).  
 
Figure 4. Schematic illustration of immobilization of wastes by dissolution (a) or 
by encapsulation (b) in a glassy matrix. The principle is similar for single phase or 
multiphase ceramics. 
 
Figure 5. Back-scattered electron image of an inactive version of the glass 
composite waste form for the immobilization of HLW solutions of reprocessed 
UMo spent fuel. The formation process of the white phases (either crystalline or 
glassy) during cooling of the melt is complex as shown by Cousi et al. [272,273] 
and consists in a glass-in-glass phase separation followed by crystallization of 
molybdate and phosphate phases. The black continuous phase in the image 
corresponds to residual glass depleted in Mo. (Picture by E. Fadel and D. Caurant 
(CNRS) on an inactive sample given by O. Pinet (CEA)).  
 
Figure 6. Principle of the two-step AVH vitrification process (calcination-
evaporation + melting) used to immobilize HLW solutions. 
 
Figure 7. Samples of glass frit (F), inactive calcine (C) and inactive nuclear glass 
(G) occurring at different stages of the AVH process (Figure 6). The nuclear 
glass (G) is black because of the high amounts of elements absorbing in the 
visible range (transition metals, lanthanides) that occurred in its composition 
(Table VII ). The glass frit is uncoloured (its composition is also given in Table 
VII ).  
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Figure 8. Schematic representation of the structure of an aluminoborosilicate 
glass containing sodium, calcium and neodymium (neodymium is the most 
abundant lanthanide in HLW wastes (Table IV) and can also be considered as 
trivalent MA surrogate). In this figure are shown: SiO4 tetrahedra, [AlO4]

- and 
[BO4]

- tetrahedral units that can be charge compensated by Na+ or Ca2+ ions; BO3 
triangles; Nd3+ ions with only a part of its O (bridging and non-bridging) 
neighbors. Nd was shown to occur in 8-fold coordination by EXAFS [10,52] and 
Na+ or Ca2+ ions act as charge compensators near non-bridging oxygen. Examples 
of both bridging oxygen (BO) and non bridging oxygen (NBO) are shown. From 
spectroscopic results [52], it was shown that if the amounts of sodium and calcium 
were sufficiently high, Nd3+ ions were preferentially located in NBO-rich regions 
of the aluminoborosilicate network (depolymerized regions, DR in the figure) 
separated by BO-rich regions (polymerized regions, PR in the figure). The dotted 
lines separate DR and PR regions. This scheme shows that this glass is not 
homogeneous at nanometric scale.  
 
Figure 9. 11B MAS-NMR (Magic Angle Spinning- Nuclear Magnetic Resonance) 
signals of glasses containing increasing amounts of lanthanide (La2O3): 0, 16 and 
30 wt%. To facilitate comparison, intensities were normalized to the same 
arbitrary intensity. The approximate position of the contributions of [BO3] and 
[BO4]

- units are indicated on the spectra and the corresponding relative 
proportions are given in the table below spectra. These proportions were 
determined by simulation of the spectra and integration of the BO3 and BO4 
contributions. In order to be not disturbed by paramagnetic Nd3+ ions, 
diamagnetic La3+ ions were used in this study. Chemical shifts were determined 
relative to liquid BF3OEt2 (spectrometer frequency 128.28 MHz). This study was 
performed in collaboration with C. Gervais (University Paris VI, France). 
 
 
Figure 10. Schematic representations ((a), (c)) of the nucleation u and crystal 
growth I rate curves in the undercooled melt. umax and Imax correspond 
respectively to the maxima of these curves. Above the liquidus temperature (Tliq), 
the melt is thermodynamically stable (u = I = 0). Below the glass transformation 
temperature (Tg), the undercooled melt is not stable but becomes very viscous (η 
> 1013-1014 dPa.s) and transforms into glass. For T < Tg, I and u rates are 
generally considered as negligible (u = I = 0). Thus nucleation and crystals 
growth can only occur in undercooled melt (i.e. between Tg and Tliq). For 
thermodynamic reasons, the position of the maximum of the nucleation rate curve 
Imax is below that of the crystal growth curve umax. In (a) and (c) are envisaged two 
possibilities, with either well separated I and u curves (a) or the existence of a 
temperature field in which crystals can simultaneously nucleate and grow (grey 
zone referred as Z in (c)). In case (a), glass-ceramic samples can only be prepared 
following the heat treatments shown in (b). In this case, nucleation and crystal 
growth heat treatments can be performed successively at temperatures 
corresponding respectively to Imax and umax. However, in case (c), glass-ceramic 
samples can be prepared following the heat treatments shown in schemes (b, d or 
e). Even if different kinds of crystals can generally nucleate and grow in glasses, 
only one kind of crystal was considered in this figure. 
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Figure 11.  Principle of specific immobilization of long-lived radionuclides (such 
as MA) in a highly durable glass-ceramic. In ideal case, the radionuclides initially 
homogeneously dispersed in the glass would be preferentially incorporated in 
numerous small and highly durable crystals formed in the bulk after partial 
crystallization. In such glass-ceramic waste forms, radionuclides incorporated in 
the crystals would benefit from a double barrier of containment by both crystals 
and residual glass. 
 
Figure 12. Back-scattered SEM images of partially crystallized samples obtained 
after heat treatment ((a):slow cooling (6°C/min) of the melt; (b): nucleation at 
640°C + crystal growth at 870°C) of glass (mol.%): SiO2 (61.81), B2O3 (8.94), 
Al2O3 (5.95), Na2O (12.40), CaO (5.44), ZrO2 (1.89), Nd2O3 (3.56). In this 
sample, neodymium can be considered as trivalent MA surrogate. The 
corresponding XRD patterns shown in Figure 13 for the two samples indicate that 
the crystalline phase is a Nd-rich silicate apatite (Ca2Nd8(SiO4)6O2). This was 
confirmed by energy dispersive X-rays analysis (EDX) and electron probe 
microanalysis (EPMA) studies. Apatite crystals appear as a white phase on the 
SEM images because of the heavy element enrichment (Nd) for these crystals in 
comparison with residual glass (continuous phase appearing in gray or black in 
the images). For more details concerning the preparation of these samples see 
[20]. 
 
Figure 13. XRD patterns of the apatite-based glass-ceramic samples of Figure 12 
obtained after heat treatment of the glass by nucleation + crystal growth (a) or 
after slow cooling of the melt (b). XRD shows that apatite is the only crystalline 
phase in these samples (bulk + surface). In agreement with SEM images, the 
comparison of XRD lines intensity confirms that the proportion of crystalline 
phase is higher for the sample prepared by nucleation + crystal growth. For 
comparison, the XRD pattern of Ca2Nd8(SiO4)6O2 apatite ceramic is shown (c). *: 
lines due to aluminum support. Patterns (a) and (b) can be indexed in the P63/m 
hexagonal system and are very similar to the pattern of ceramic (c). (λCoKα: 
1.78897Å). 
 
Figure 14. Principle of enhanced separation of Cs from HLW with crown 
molecules (calixarenes [110]) and conditioning in specific highly durable matrices 
or transmutation (of long-lived 135Cs). 
 
 
Figure 15. Decay of 137Cs and 135Cs isotopes. The energies of β and γ particles 
are given in MeV. The percentages indicated in the figure correspond to the 
proportions of β particles emitted with the corresponding energy [122,123]. 
 

Figure 16. View of the BaxCsy(M,Al) 3+
2x+yTi4+

8-2x-yO16 hollandite structure 
(projection down the c axis) showing how large cations (Ba2+, Cs+) are 
incorporated in tunnels (site A) in the framework of (Al,M,Ti)O 6 octahedra (site 
B). M: trivalent cation. In this figure, the c axis is directed along the tunnels 
which corresponds to the tetragonal (a=b) structure of hollandite (for the 
monoclinic structure the tunnel direction corresponds to b axis). As (x + y) < 2, 
site A (box-shaped cavities of eight oxygen anions) is not totally occupied. The 
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effect of large cations in site B is to enlarge the tunnel cavities (site A), this 
facilitates inclusion of Cs+ ions into the structure. The two kinds of oxygen sites 
(O1 and O2) occurring in hollandite tetragonal structure (I4/m space group) are 
also shown.   
 

Figure 17. (a) Process used to prepare hollandite ceramics by oxide route 
showing the three stages: calcination (4h at 810°C in air) of cold pressed dried 
reagent powders (30 g) to decompose carbonates and nitrates, attrition milling and 
natural sintering (30h at 1200°C in air) of pellets (cold pressed at 30 MPa). 
Heating and cooling rates (°C/min) are indicated. A picture of a (Ba,Cs,Al+Fe)-
hollandite ceramic pellet (2.5 cm diameter) prepared by oxide route is shown. (b) 
Scheme of the attrition milling apparatus used to grind the calcined powders 
mixture in water to particle size less than 1 µm. 
 
Figure 18. XRD patterns of (Ba,M)-hollandite samples Ba1.16M2.32Ti5.68O16 
prepared by oxide route (for M3+=Al3+,Cr3+,Ga3+,Fe3+). All the XRD lines of 
ceramics can be indexed in the I4/m space group. ∗: broad superlattice lines. S: 
aluminum support. (λCoKα1=1. 78897 Å) 
 
 
Figure 19. Evolution of a lattice parameter of single-phase Ba1.16M2.32Ti5.68O16  
(M3+ = Al3+,Cr3+,Ga3+,Fe3+) hollandite ceramics prepared by oxide route versus 
the average radius rB of cations in site B (Table XII ). A linear fit (least squares 
regression) of a versus rB is shown in the figure. 
 
Figure 20. SEM images of Ba1.16M2.32Ti5.68O16 with M = Al(a), Cr(b), Ga(c) 
and Fe(d). A: parasitic phase containing P, Si, Ba and O. SEM images of 
(Ba,Cs,M)-hollandite ceramics: Ba1.04Cs0.24Cr2.32Ti5.68O16 (e); 
Ba1.04Cs0.24Ga2.32Ti5.68O16 (f), Ba1.04Cs0.24Fe2.32Ti5.68O16 (g) and 
Ba1.00Cs0.28Al1.46Fe2.32Ti5.72O16 (h). C: CsGaSi0.4Ti0.6O4. The dark 
regions in (a), (b), (c), (d), (e), (f) and (h) images correspond to pores. The gray 
continuous phase observed on all images corresponds to hollandite. (a-g): back-
scattered electrons images. (h): secondary electrons image. 
 
Figure 21.  27Al Triple Quantum MQ-MAS-NMR spectra (projections along the 
isotropic dimension free of second order quadrupolar broadening) of: (a) 
Ba1.16Al2.32Ti5.68O16 ceramic, showing its simulation with three components (X, Y, 
Z) corresponding to three different Al environments in site B (see Figure 22) with 
similar proportions (37, 33 and 30 % respectively), (b) Ba1.16Al2.32Ti5.68O16, 
Ba1.28Al1.64Ga0.92Ti5.44O16 and Ba1.00Cs0.28Al1.46Ga0.82Ti5.72O16 ceramics showing 
the evolution of X,Y and Z components. All samples were prepared by oxide 
route. (Magnetic field 11.75 T, Frequency 31500 Hz). This NMR study was 
performed in collaboration with T. Charpentier, CEA Saclay (France). 
 

 
Figure 22. Local environment of Al3+ ions (black circle, site B) in 
Ba1.16Al2.32Ti5.68O16 hollandite showing the six possible positions of Ba2+ ions or 
vacancies (gray circles, site A) as second neighbors in the two tunnels near AlO6 
octahedron (Figure 16). For clarity, oxygen atoms are not shown in the figure. 
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The distances (in Å) between Al and Ba or vacancies shown in the figure were 
obtained by Rietveld refinement of Ba1.16Al2.32Ti5.68O16 XRD powder pattern 
[120]. Along tunnels, the two consecutive Ba positions (pairs of gray circles) 
separated by a mirror are distant from only 0.575 Å and cannot be occupied 
simultaneously by barium ions. From this figure and considerations about Ba2+ 
ions repulsion along tunnels (configuration with two consecutive cannot exist), 
only three different Al environments (X, Y and Z) can be envisaged in 
Ba1.16Al2.32Ti5.68O16: with one Ba and two vacancies as second neighbors (X), 
with two Ba and one vacancy as second neighbors (Y), with three Ba as second 
neighbors (Z). 
 
Figure 23. 57Fe transmission Mössbauer spectrum of Ba1.16Fe2.32Ti5,68O16 (300 K, 
57CoRh source) before (a) and after electron irradiation (b) (1.5 MeV, F=5.8.1018 
cm-2) showing the contributions of respectively two or three Fe environments 
(sites 1, 2 and 3) needed to simulate the experimental spectra (global simulation: 
solid line, experiment: points). Simulation parameters are given Table XIV. The 
isomer shift (mm/s) was corrected using metallic iron as reference. The difference 
between experimental and simulated spectra is shown below each spectrum. 
Sample was prepared by oxide route without 57Fe enrichment. This Mössbauer 
study was performed in collaboration with F. Studer and N. Nguyen , CRISMAT 
Caen (France). 
 
Figure 24. Calculated evolution with time of cumulated β,γ radiation dose in 
radioactive Cs waste form containing 5 wt% Cs2O extracted from HLW solutions 
recovered after UOX spent fuel reprocessing [120]. 
 
Figure 25. Evolution of the probability of Ba (a) and O (b) displacement 
(displacement cross section) in hollandite versus electrons energy, calculated for 
different values of the threshold displacement energy of Ba (Ed(Ba)) and O 
(Ed(O)) ranging from 20 to 55 eV [120]. Dotted vertical lines correspond to the 
different electron energies available during our study (1, 1.5 and 2.5 MeV). The 
full vertical line corresponds to 0.5 MeV which is the energy of the majority 
of the β-particles emitted during Cs decay (Figure 15). 
 
Figure 26. Scheme showing electrons and holes trapping after the creation of (e-

,h+) pairs by external electron irradiation (or β self-irradiation) respectively near 
the bottom of CB and near the top of VB of hollandite. CB: conduction band. VB: 
valence band. Electron irradiation induced mainly electronic excitations (ineslatic 
interactions) along electrons path in the hollandite structure. 
 
 
Figure 27. Electronic band structure around the gap of BaAl2Ti6O16 hollandite: 
(a) projection of density of states on oxygen and titanium orbitals calculated using 
an extended Hückel tight-binding method, showing the top of the valence band 
(VB) and the bottom of the conduction band (CB). VB is mainly of O (2p) 
character, and represents bonding Ti-O interactions. (b) Overlap population. The 
top of the VB is of antibonding O-O character and of non-bonding Ti-O character. 
The CB is mainly Ti-O antibonding and of Ti(3d) character; it reflects the 
splitting of  Ti (3d) orbitals in t2g and eg sets by the octahedral crystal field, t2g set 
forming the bottom of the CB. 
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Figure 28. Partial view of the XRD pattern of Ba1.16Al2.32Ti5.68O16 hollandite 
before (solid line) and after electron irradiation (dotted line). Energy: 2.5 MeV. 
Fluence: 1.2.1019 cm-2. Indexation of XRD lines is given. (λCoKα1=1.78897 Å) 
 
Figure 29. 27Al MAS-NMR spectra of Ba1.16Al 2.32Ti5.68O16 hollandite before 
(black spectra) and after irradiation by 1.0 MeV electrons at a fluence of 8.7×1018 
cm-2 (gray spectra). The figure is an extended and magnified view of Al spectra 
showing the presence of 5-fold coordinated aluminum. This NMR study was 
performed in collaboration with T. Charpentier, CEA Saclay  (France). 
 
Figure 30. Evolution of EPR spectra recorded at 70 K of Ba1.16Al2.32Ti5.68O16 
hollandite before irradiation and after external electron irradiation (1 MeV) for 
different fluences F. Signals associated with hole center Tr and electron centers E1 
and E2 are shown. The positions of the free electron g factor (ge, vertical line) and 
of the g factor associated with electron centers EC (on the right of the vertical 
line, g<ge) and holes centers HC (on the left of the vertical line, g>ge) are 
indicated. 
 
Figure 31.  Simulations of the EPR signals of E1 and E2 centers formed after 
electron irradiation in Ba1.16Al2.32Ti5.68O16 hollandite. Solid lines: experimental 
spectra. Dotted lines: simulated spectra. The parameters deduced from these 
simulations are given in Table XV. To separate the contributions of E1 and E2 
centers, EPR spectra were recorded at two different temperatures (10 K and 70 
K). 
 
Figure 32. Schematic energy levels of the irradiation-induced centers Tr, E1 and 
E2 with respect to the hollandite band structure (see Figure 27). The two Ti3+ 
centers E1 and E2 form two localized levels below the bottom of the CB (electron 
traps), while the Tr center (superoxide ion O2

-) being of O(2p) character forms a 
level above the top of the VB (hole trap). The electronic configuration of O2

- 
being (1πu)

4(1πg*)
3, the Tr centre may be described as a hole trapped in an 

antibonding πg orbital of a O-O pair. VB: valence band. CB: conduction band. 

 
 
Figure 33. EPR spectra (recorded at 70 K) of an annealed sample of 
Ba1.16Al2.32Ti5.68O16 hollandite previously irradiated by 1 MeV electrons at a 
fluence of 1.4.1019 cm-2.  The annealing (for 15 min) temperature is indicated near 
each spectrum. Electron and hole centers are indicated in the figure. 
 
Figure 34. Evolution with annealing temperature of the concentrations of E1, E2 
and E3 centers for a sample of Ba1.16Al2.32Ti5.68O16 hollandite previously irradiated 
by 1 MeV electrons at a fluence of 1.4.1019 cm-2. 
 
Figure 35. (a): scheme showing the mechanism proposed for migration of O2

- 
centers leading to G2 centers by clusterization during annealing (successive 
electrons and oxygen atoms jumps with intermediate O2

2- and O - species). (b): 
scheme summarizing the formation of paramagnetic centers during electron 
irradiation and their evolution after thermal treatment: migration of Ti3+ centers 
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(crosses) towards the surface of the grains in the hollandite ceramic and 
clusterization of O2

- centers (circles) in their bulk. In (b), the rectangle represents 
a grain of hollandite ceramic. 
 
Figure 36. Zirconolite-2M structure (monoclinic structure, space group C2/c) 
showing the TiO6 octahedra (Ti(1) and Ti(3) sites) layers and the (Ca2+, Zr4+) 
rows. The polyhedra corresponding to the Ti4+ ions in 5-fold coordination (Ti(2) 
site) are not drawn but this split site -which is statistically occupied- is shown 
(small balls in the Ti4+ layers). When Ln or An are incorporated in zirconolite 
structure they entered into the Ca or Zr sites and Al (used as charge compensator) 
entered preferentially into the Ti(2) site. The a, b and c cell parameters are shown 
in the figure. 
 
Figure 37.  Process used to prepare zirconolite ceramics by oxide route showing 
the three stages: first natural sintering (100h at 1400°C in air) of cold pressed 
reagent powders to decompose carbonates and nitrates and to form zirconolite, 
and second natural sintering (100h at 1460°C in air) after grinding + pressing 
(cold pressing at 20 MPa) of pellets to increase the homogeneity of the ceramics.  
Heating and cooling rates (°C/min) are indicated. The choice of a high heating 
rate (8°C.min-1) was made to reduce the risks of formation of perovkiste (parasitic 
phase). A picture of the Ca0.85Nd0.15ZrTi1.85Al0.15O7 ceramic pellet prepared 
following this method is shown. 
 
Figure 38. Portion of the XRD patterns of Ca1-xNdxZrTi2-xAl xO7 ceramic samples 
(λKα1(Co)=1.78897 Å). All the lines are attributed to zirconolite (small lines due 
to a parasitic phase (perovskite) appeared in another angular range not seen in this 
figure). For x ≤ 0.6, all lines correspond to the zirconolite-2M polytype 
(monoclinic). For x ≥ 0.65, new lines (•) due to the zirconolite-3O polytype 
(orthorhombic) are detected. For x = 0.65, the two polytypes coexist.  
 
Figure 39.  Back-scattered electron image of Ca0.9Nd0.1ZrTi1.9Al0.1O7 ceramic 
sample prepared by oxide route. The gray continuous phase Z (zirconolite) and 
the white parasitic phase Zr0.9Ti0.1O2 (A) were identified and analyzed by EDX. P: 
porosities.  
 

Figure 40. Evolution of a and c cell parameters of Ca1-xNdxZrTi2-xAl xO7 
zirconolite-2M ceramics for x ≤ 0.6 (monoclinic structure). 

 
Figure 41. Rietveld refinement of Ca0.7Nd0.3ZrTi1.7Al0.3O7 XRD pattern 
(λKα1(Co)= 1.78897 Å, λKα2(Co)= 1.79285 Å). Top: experimental (circles) and 
simulated patterns. Middle: line positions. Bottom: difference between 
experimental and simulated patterns showing the good quality of refinement.  
 

Figure 42. (a) EPR spectra of Ca0.97Nd0.03ZrTi1.97Al0.03O7,  
Ca0.7Nd0.3ZrTi1.7Al0.3O7 zirconolite-2M ceramics and of Ca0.9Nd0.1Ti1.9Al0.1O7 
perovskite ceramic. The contribution of Nd3+ ions in zirconolite and perovskite to 
the EPR spectrum of Ca0.97Nd0.03ZrTi1.97Al0.03O7 ceramic are indicated. (b) 
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Simulation of the EPR spectrum of Ca0.8Nd0.2ZrTi1.8Al0.2O7 zirconolite-2M 
ceramic with two components C1 and C2. 

 

Figure 43. (a) Schematic diagram of Nd3+ ion energy levels involved in the 4I9/2 
(ground state) → 2P1/2 optical transition. In low symmetry sites, as in glasses and 
in zirconolite, the five Stark levels of the fundamental state 4I9/2 are splitted and 
can be all populated at room temperature. However, at low temperature (T~15 K) 
only the lowest Stark level is populated and only one transition from this state to 
the 2P1/2 excited state is observed for each kind of site occupied by neodymium 
(the energy position of this transition is known to depend on the degree of 
covalency of Nd-O bonds). (b) Optical absorption spectra (T<15 K) of 
neodymium in Ca0.95Nd0.1Zr0.95Ti2O7 et Ca0.9Nd0.1ZrTi1.9Al0.1O7 zirconolite-2M 
ceramics and in Ca0.9Nd0.1Ti1.9Al0.1O7 perovskite ceramic (4I9/2 → 2P1/2 transition). 
(c) Simulation of the optical absorption spectrum (4I9/2 → 2P1/2 transition) of 
Ca0.7Nd0.3ZrTi1.7Al0.3O7 zirconolite-2M ceramic with three Gaussian components 
G1, G2 and G3. 

 
Figure 44. Portion of the zirconolite Ca0.7Nd0.3ZrTi1.7Al 0.3O7 structure determined 
from Rietveld refinement showing the positions of the two next nearest Ti(2) 
splitted sites from the (Ca,Nd) site (8-fold coordinated by oxygen anions). The Zr 
site is not shown in the figure. The subscript a and b indicate that the 
corresponding Ti(2) sites belong to two different titanium planes (Figure 36). The 
Ti(2)a and Ti(2)b positions are statistically occupied (50 %) either by Ti4+ or Al3+ 
ions, the other positions (50%) being vacant. 
 
Figure 45. Comparison of the GIXAFS Fourier transforms (FFT) of the 
Ca0.8Nd0.2ZrTi1.8Al0.2O7 virgin and irradiated samples (doses: 1.1014, 2 1015 and 
1016 Pb3+ ions/cm2) at Nd LIII  edge in fluorescent mode (room temperature). R 
represents the distance between Nd and its neighbors. 

 

Figure 46. Evolution of Ca0.75Ln0.25ZrTi1.75Al0.25O7 cell volume Vm versus the 
lanthanide ionic radius cubed r3(Ln3+). Ca0.75Ce0.25ZrTi1.75Al0.25O7 cell volume 
was not considered for the linear curve fit whose equation in given in the figure 
(R: linear regression coefficient). 

 
Figure 47. Scheme T = f(time) showing the parent glasses preparation method. 

Figure 48. Cylindrical samples of parent glasses containing different 
concentrations of Nd2O3 for the preparation of zirconolite-based glass-ceramics 
(diameter 1.4 cm).  
 
Figure 49. Scheme T=f(time) showing the preparation method of zirconolite-base 
glass-ceramics from parent glasses A and B (Tg=760°C) with two steps 
(nucleation at TN=810°C and crystal growth at Tc ranging from 950 to 1350°C).  
 
Figure 50.  Nucleation (I=f(T)) and crystal growth rate (u=f(T)) curves of 
zirconolite in the bulk of glass B. These curves were obtained using the methods 
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described in [44]. The curve u=f(T) was not plotted for T>1200°C. This figure 
shows that I and u curves are well separated for zirconolite. This allows control of 
zirconolite crystallization in the undercooled melt which is very interesting for the 
preparation of glass-ceramics using two steps (nucleation + crystal growth). 
However, the lack of overlapping between u and I curves makes difficult the 
preparation of zirconolite-based glass-ceramics by cooling of the melt (see Figure 
10). 

 
Figure 51. Sample of glass B before (left) and after (right) nucleation at 810°C 
(2h) + crystal growth at 1050°C (2h). After nucleation, samples remain fully 
transparent. The opacity of glass-ceramic is due to diffusion of visible light by 
crystals. 
 
Figure 52. Evolution of the thickness of the crystallized layer formed near the 
surface of glass B versus the temperature (Tc) of crystal growth (2 h). All the 
samples were annealed (775°C 2h) and nucleated (810°C 2h) before crystal 
growth. 
 
 
Figure 53. XRD patterns of glass A before heat treatment (a) and after heat 
treatment for 2 h at 810°C (nucleation) and 1200°C (crystal growth): surface layer 
(b) and bulk (c). (*) zirconolite, (�) titanite, (�) anorthite, (×) aluminum support. 

The same crystalline phases were observed for glass B. (λKα1(Co)=1.78897 Å) 
 
 
Figure 54. Back-scattered SEM micrographs of glass B after nucleation for 2 h at 
810°C and crystallization for 2 h at 1050°C (bulk (a) and surface layer (b)) or for 
2 h at 1200°C (bulk (c) and surface layer (d)) showing zirconolite (Z), titanite (T), 
anorthite (A), baddeleyite (B) and residual glass (R) (the white scale bars 
correspond to 20µm). 
 
Figure 55. DTA curves for different particle size fractions and for a massive 
sample of glass B (heating rate: 10°C.min-1). 
 
Figure 56. Back-scattered SEM images of the samples obtained after heat 
treatment of glass B by rapid cooling of the melt from 1550°C to Tc=1200°C. 
Samples were kept at Tc for 2 h and then quenched to room temperature (bulk (a). 
surface (c)). Z: zirconolite. RG: residual glass.  
 
Figure 57. Back-scattered SEM images of the bulk of the glass-ceramics obtained 
after prolonged heat treatment of glass B at: (a) Tc=1200°C (20h) or (b) 
Tc=1050°C (20h). Z: zirconolite. S: titanite. A: anorthite (appearing as dark 
phase). B: baddeleyite (appearing as a white phase in (a)). W: wollastonite. I: 
apatite. RG: residual glass. (see Table XXIV). 
 
Figure 58. XRD patterns of zirconolite crystals formed in the bulk of glass A: 
nucleation at TN=810°C (2h) and crystal growth for 2 h at Tc=1200°C (a) or 
Tc=1000°C (b). The pattern for a zirconolite ceramic (e) sample prepared by solid 
state reaction is also shown. Simulated patterns corresponding to the sample heat 
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treated at 1000°C using the zirconolite structural determinations of Gatehouse et 
al. [204]. are also shown assuming a complete disorder (c) or order (d) in Ca/Zr 
planes. Small angle XRD lines are the most sensitive to Ca/Zr ordering. 
(λKα1(Co)=1.78897Å) 
 
Figure 59. Evolution of the nature and/or structure of crystalline phases formed in 
the bulk and near the surface of the glass-ceramics prepared following the method 
described Figure 49, versus the crystal growth temperature Tc (horizontal axis). F: 
fluorite. Z: zirconolite. S: titanite. A: anorthite. B: baddeleyite.  
 
Figure 60. XRD patterns of glass A before heat treatment (a) and after heat 
treatment (crystal growth) for 2h at 950°C (b), 2h at 1200°C (crystallized surface 
layer (c) and bulk (d)) and 2h at 1300°C (e). All the samples were annealed 

(775°C 2h) and nucleated (810°C 2h) before crystal growth. (✼) zirconolite. (♦) 

fluorite-type phase. (●) titanite. (❍) anorthite. (+) ZrO2. (λKα1(Co) = 1.78897Å) 
 
Figure 61. Back-scattered SEM image of the bulk of the glass-ceramic prepared 
from glass B at different Tc between 950 and 1350°C (2h) indicated in the figure. 
All the samples were annealed (775°C 2h) and nucleated (810°C 2h) before 
crystal growth. F :fluorite-type phase. Z : zirconolite. B : baddeleyite. T : titanite. 
A : anorthite. 
 
Figure 62. Back-scattered SEM images of the bulk of the glass-ceramics prepared 
after nucleation for 2 h at TN=810°C and crystallization for 2 h at Tc=1050°C (a, 
b, c respectively for annealed glasses B, C, D). Z: zirconolite. R: residual glass. 

 

Figure 63. (a) Evolution of XRD pattern intensity of the bulk of the glass-
ceramics B, C and D for Tc=1050°C and Tc=1200°C. Intensity values (in arbitrary 
unit) were obtained by integration of the lines of XRD patterns. (b) Evolution of 
the percentage R of Nd3+ ions incorporated in the zirconolite crystalline phase 
formed in the bulk of glass-ceramics determined by EPR. 

 
Figure 64. DTA curves of as-quenched glasses B, C and D (heating rate: 
10°C.min-1. particle size 125-250 µm).  

 
Figure 65. Neodymium X-band EPR spectra recorded at 12K. (a) parent glass B. 
(b) bulk of the glass-ceramic prepared at Tc=1050°C (individual contributions 
corresponding to Nd3+ ions located in zirconolite crystals and in the residual glass 
are shown). (c) Ca0.8Nd0.2ZrTi1.8Al0.2O7 ceramic prepared by solid state reaction. 
 
Figure 66. Neodymium X-band EPR spectra recorded at 12K for the bulk of 
glass-ceramic B(a) and D(b) prepared at Tc= 1200°C  for 2 h (GC spectra). The 
individual contributions of Nd3+ ions located in the zirconolite phase (Z spectra) 
and in the residual glass (RG spectra) are also shown. 
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Figure 67. Back-scattered SEM images of the bulk of the glass-ceramic B(Hf0) 
(TN=810°C for 2h): (a) bulk at Tc=1050°C (2h). (b) bulk at Tc=1200°C (2h). Z: 
zirconolite. RG: residual glass. 
 
Figure 68. Zirconolite nucleation rate curves I=f(T) in glass B and in glass 
B(Hf0). Tg is the same for the two glasses.  
 
Figure 69. Back-scattered SEM images of the bulk of the glass-ceramics B (a) 
and B(Al1) (b) (TN=810°C (2h), Tc=1050°C (2h)). Z: zirconolite. RG: residual 
glass. 
 
Figure 70. Back-scattered SEM images of the bulk of the glass-ceramics 
containing: (a) 0, (b) 4, (c) 8 and (d) 10 wt% Nd2O3. (TN=810°C 2h, Tc=1050°C 
2h). Z: zirconolite. RG: residual glass. 
 
Figure 71.  Evolution of Nd and Al amounts (determined by EDX) in zirconolite 
crystals formed in the bulk of the glass-ceramics as a function of Nd2O3 content in 
parent glass (Tc = 1200°C). 
 
Figure 72. Neodymium optical absorption spectra corresponding to the transition 
4I9/2 → 2P1/2 recorded at low temperature (T~15 K) for the bulk of the glass-
ceramics containing 4 (a) and 10 (b) wt% Nd2O3 (Tc = 1200°C). The glass-
ceramic spectra are simulated with three Gaussian contributions corresponding to 
three different local environments for Nd3+ ions indicated in the figure. This 
figure clearly shows that the covalency of Nd-O bonds is different in zirconolite 
and in residual glass (see legend of Figure 43). The broad band associated with 
Nd3+ ions in residual glass indicated a broader distribution of Nd sites in this 
phase in agreement with its amorphous structure. 
 
Figure 73. Evolution of A(Zr)/A(Ca) ratio calculated from the optical absorption 
spectra of the glass-ceramics prepared at Tc=1200°C versus Nd2O3 wt% in parent 
glass. 
 
Figure 74. Evolution of Nd and Al amounts (determined by EDX) in titanite 
crystals formed near the surface of the glass-ceramics as a function of Nd2O3 
content in parent glass (Tc=1200°C, 2h). 
 
Figure 75. Evolution of Ln and Al amounts in the zirconolite crystals formed in 
the bulk of the glass-ceramics (Tc= 1200°C, 2h) containing Ln = Ce, Nd, Eu, Gd 
or Yb versus Ln3+ radius (in 8-fold coordination). 
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Figure 1 
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Figure 2 
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Figure 3 
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                                                Figure 4 
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Figure 5 
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Figure 6 
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Figure 7 
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Figure 8 
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Figure 9 
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Figure 10 
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Figure 11 
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Figure 12 
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Figure 13 
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Figure 14 
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Figure 15 
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Figure 16 
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Figure 17 
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Figure 18 
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Figure 19 
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Figure 20 
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Figure 21 
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Figure 22 
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Figure 23 
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Figure 24 
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Figure 25 
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Figure 26 
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Figure 27 
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Figure 28 
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Figure 29 
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Figure 30 
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Figure 31 
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Figure 32 
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Figure 33 
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Figure 34 
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Figure 35 

 

 

 

 

 

 

 

 

O2
-
 O

2-
 

e

kT 

e
-
 jump 

O2
2-

 O
-
 

kT 

O
o
 jump 

O
2-

 O2
-
 

 electron 

 irradiation 

thermal 

treatment 

(b) 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 



 201 

                                                                                                                                                               
Figure 36 
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Figure 37 
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Figure 38 
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Figure 39 
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Figure 40 
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Figure 41 
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Figure 42 
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Figure 43 
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Figure 44 
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Figure 45 
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Figure 46 
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Figure 47 
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Figure 48 
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Figure 49 
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Figure 50 
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Figure 51 
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Figure 52 
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Figure 53 
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Figure 54 
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Figure 55 
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Figure 56 
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Figure 57 
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Figure 58 
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Figure 59 
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Figure 60 
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Figure 61 
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Figure 62 
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Figure 63 
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Figure 64 
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Figure 65 
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Figure 66 
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Figure 67 
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Figure 68 
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Figure 69 

 

 

 

 

 

 

 

  (b) (a) 

Z 
RG 

Z 
 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 



 235 

                                                                                                                                                               
Figure 70 
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Figure 71 
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Figure 72 
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Figure 73 
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Figure 74 
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Figure 75 
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